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ABSTRACT.
X-ray line broadening techniques were used to investigate 
the deformation characteristics of various hard materials.
A detailed comparison of the Warren-Averbach, variance and 
integral breadth methods of analysing a broadened X-ray 
diffraction peak showed that they give comparable results. '
The effect of temperature on the deformation characteristics 
of materials with different types of chemical bonding was investigated. 
Ionic and covalent bonds are extreme examples of the same type 
of bond, and in materials with these bond types it was found 
that the amount of covalency in the bond governed the micro­
plastic behaviour. The behaviour of the transition metal carbides 
was less predictable on account of their complicated mixture 
of metallic, ionic and covalent bonding.
Studies on tungsten carbide powders showed that considerable 
deformation was induced by ball milling. The deformation could 
be relieved by annealing. Deformation stacking faults, involving 
slip on the basal plane, were observed. Studies on the worn 
surfaces of sintered blocks and single crystals revealed plastic 
deformation that extended to a depth of several microns below the 
surface.
Hafnium carbide showed a marked anisotropic behaviour when 
deformed. The defoimation could be annealed out by recovery 
and recrystallisation processes as in metals. The hafnium carbide 
lattice was found to be remarkably stable at high temperatures 
compared with other transition metal carbides.
Studies on the polymorphic refractory oxide, zirconia, showed 
that tetragonal zirconia was formed from monoclinic zirconia 
when the particle size was made sufficiently small by ball milling.
The transformation normally occurs above 1000° C. Calculations 
showed that ‘tetragonal zirconia formed by milling, or by thermal 
decomposition, is stable at room temperatures mainly because of 
its small particle size and resultant high free surface energy.
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PREFACE :
— r-r-r-rrr-x--.
This thesis is concerned with the application of X-ray 
diffraction line-broadening techniques to the study of the 
deformed state of various materials. X-ray diffraction line- 
broadening techniques are an important tool in the study of 
imperfections in real crystals. The term "Hard Materials" . 
appearing in the title is a term used to describe materials 
that are in the upper half of the Moh’s hardness scale.
Chapter 1 considers the most important methods of 
analysis used in the field of X-ray diffraction line broadening. 
The different methods are applied to two problems and detailed 
comparisons are made between each method.
In chapter 2, the effect of temperature on the deformation 
characteristics of various materials with different chemical 
bonding is considered.
Chapters 3 and 4 are concerned with deformation studies 
on two transition metal carbides, namely tungsten, and hafnium 
carbide. Hafnium carbide has the distinction of being the least 
investigated of all the transition metal carbides and very little 
published work has appeared on it.
Finally, in chapter 5, phase transformations in the 
refractory oxide, zironia, are considered. The phase trans­
formations are induced by mechanical deformation.
CHAPTER 1
X-RAY LINE BROADENING TECHNIQUES 
INTRODUCTION
An analysis of the broadening and changes in position of peaks 
in an X-ray powder pattern is a valuable technique in the study of 
the deformed state of crystalline materials. Broadening of the peak 
profile may be a result of the small size of the coherently diffracting 
domains, and of the microstrains within these domains and also 
instrumental effects. The microstrains are usually caused by the 
strain fields associated with dislocations. Faulting on certain 
crystallographic planes may also produce this type of broadening. 
Changes in peak position may be a result of residual stresses in * 
bulk specimens, stacking faults and changes in the lattice parameter. 
The broadening produced by small domains, or crystallites and 
faulting, is independent of the order of reflection in reciprocal 
space, whereas microstrain broadening depends upon the order of 
reflection.
There are four methods of analysis used in line broadening 
work. Three of these, the half-width, integral breadth and variance 
methods, involve measures of breadth. The fourth is the Fourier method 
and it is concerned with the Fourier transform of the diffraction line 
profile. The Fourier and variance methods use the whole of the 
diffraction line profile whereas the half and integral breadth 
methods deal with only one particular aspect of the profile.
The half-breadth was the first measure of line width to be 
used. (1). It is simply defined as the width of the peak at half 
the maximum intensity of the peak. Although very easy to measure, 
it is a very arbitrary quantity and its use is only justified if 
the peak profiles of all samples under investigation remain similar.
Von Laue (2) introduced the integral breadth, defined as the 
area under the diffraction peak divided by the peak maximum. He 
obtained an expression for this breadth in terms of the 
crystallite size. The expression included a shape factor, 
calculated originally by Scherrer and therefore known as the Scherrer 
constant.
Several authors obtained similar expressions for the 
crystallite size broadening, but with different values of the 
Scherrer constant according to the various assumptions made.(3).
btoKes ana wnson (4, i>j ODtamea a general soiurion to tne proDJLem 
in terms of a quantity known as the apparent crystal size.
Stokes and Wilson (6) produced an expression relating the • 
broadening caused by microstrains to the angle of diffraction.
There exists no simple relationship to separate the crystallite 
and microstrain terms in the calculated integral breadth. This is 
because the profile due to crystallite size effects is close to a 
Cauchy function whereas the profile due to microstrain is approximately 
a Gaussian distribution. Hall (7) assumed that the broadening caused 
by the two effects was additive. However, as the crystallite size 
effect produces a Cauchy distribution of intensity, this implies that 
the strain distribution of intensity, and hence the strain distribution 
in the crystals, is a Cauchy type. This is physically unrealistic 
as the mean squared strain would be infinite. Wagner and Aqua (8) 
found that if the two effects were combined by adding their squares } 
results were obtained that gave reasonable agreement with results 
from the Fourier method. This expression, assumes a Gaussian 
microstrain distribution. Schoening (9) calculated the mathematical 
expression representing the convolution of a Cauchy crystallite size 
and Gaussian microstrain intensity distribution. The results enabled 
him to calculate the crystallite size and microstrain.
It has been shown that the diffraction profile for an aggregate 
of crystallites can be expressed as a Fourier series whose 
coefficients are the product of the mean value of the product FF* of 
the structure factors of a pair of cells separated by m interplanar 
spacings, and the number of such pairs of cells in the crystallite 
making up the specimen (4, 5, 6, 10, 11). Later studies replaced 
the series by an integral which was more easily evaluated, and was 
a sufficient approximation in the problems considered (12). Warren 
and Averbach (13) as well as Bertaut (14) retained the series 
representation and interpreted the Fourier coefficients in terms of 
crystallite size and microstrain.
The Warren and Averbach treatment used the formulation 
introduced by Stokes and Wilson (4), that is a 001 reflection was 
considered from a material having orthorhombic axes. It has been 
shown by Warren (15) that a general treatment of the problem gives 
the same result.
ioumarie i.±oj criticized m e  use or rne integral Dreaatn mexnoa 
on the grounds that it gives undue weight to a few isolated points on 
the diffraction profile instead of treating all the observed points 
with the same weight. He derived a relation between the crystallite 
size and the variance of the line profile over a deliberately 
restricted angular range. Wilson (17,18) derived expressions relating 
variance, in terms of the angular range considered, to the crystallite 
size and microstrain. The variances due to crystallite size and 
microstrain are additive.
The aim of this chapter is to describe the methods and compare the 
results obtained by each method. The principles of powder diffractometry 
will also be considered. Ball milled germanium powders and as received 
thoria powders were selected for this initial study.
The thoria powders had a narrow range of particle sizes whereas the 
ball milled germanium would be expected to have a wide range of 
microstrains and crystallite sizes.
THEORY. ,
An outline of the theory of X-ray diffraction line broadening will 
be considered starting with the Fourier method of Warren and Averbach.
The integral breadth and variance of the line profile can be calculated 
from theFourier series representing the distribution of power in the 
profile.
1. Fourier Method.
Warren and Averbach consider the crystallites in terms of 
columns of unit cells. The position of any Bravais lattice point or 
unit cell is specified by the vector:
r = ua + vb + wc + d (uvw) , - (1)
where a, b and c are the direct lattice vectors and d (uvw) is a
general displacement from the theoretical position. The vector d(uvw)
is a consequence of all the imperfection terms which can be expressed 
by changes in atomic or molecular coordinates.
The intensity per electron from one crystal is
I(hkl) = |F(hkl) 12s £ e ^ - ^ n  “ ^  -(2)
where F(hkl) is the structure factor and S the scattering vector.
S may be represented by its terminal point in reciprocal space.
SA = £a* + nb* + cc* -(3)
where a*,b*,c* are the reciprocal lattice vectors and £ ,n and c are 
continuous variables.
resulting from the spreading of the reciprocal lattice points to 
incorporate the effect of dfuvw).
For a powder pattern, the total diffracted power, P, in a reflection 
is given by the general relation
P = fp(20)d(2‘0) = MiR2X3 f  [  f  I (hkl) d£ dn ds -(4)J 4V JJJ sin0
P(26) is the distribution of power with angle 20 , M is the number 
of crystals in the powder sample, R is the distance between sample and 
receiver, j  is the multiplicity and V is the volume of the unit cell.
Expressions (1) and (3) are substituted into equation (2) and this 
in turn is substituted into equation (4). If the integrals are carried out 
about the reciprocal lattice point (£,n,c) equation (4) can be solved 
to give an expression for P(20). The mathematics is greatly simplified 
if the general axes and variables are transformed with a matrix for 
orthogonal transformations. One of the new direct lattice vectors is 
set parallel to the vector normal to the planes hkl.
The resultant expression for P(20) is a Fourier series:.
P(29) = K(9) | Cn exp[-2irindhjcl(s - so)] -(5)
— 00
where K(o) is a slowly varying function of 0, n is the harmonic number,
^hkl in‘terPlanar spacing, s = 2sin0,sQ = 2sin0Qand 0Q is the
X X
position of the peak maximum.
If L = ndj^ is the distance between a cell and its (noo) neighbour
P(29) = K(9) I  C(L) exp[-2niL(s - s0)] -(6)
—oo
Cn and C(L) are usually complex and are the Fourier transforms of P.(20). 
They are equivalent to the Patterson function used in structure analysis. 
C(L) = A(L) + iB(L) -(7)
Tlie real component, A(L), is a symmetrical broadening term and the 
imaginary component, B(L), is an anti-symmetrical and peak shift term.
The microstrain and crystallite size are extracted from the real cosine 
coefficients A(L).
C(L) contains crystallite size and strain Fourier coefficients,
(L) and Ce (L) respectively.
C(L) = CDF(L)C£(L) -(8)
Cc(I.) = 6xp(-2«I,eL/dhkl)> -(9)
where is the strain normal to the reflecting planes. Therefore 
for small L and
Ae(L) = 1 - 2ir2L2<e2>/d2kl -(10)
The effective crystallite size De(hkl) is given by the expression
-/ dADF(I/A = 1 = 1  + 1  -(11)
I dL L 0 De(hkl) D(Kkl) d£(Hc1)
£
D(hkl) is the true crystallite size and De(hkl) is the effective 
crystallite size due to faults.
The crystallite size De(hkl), and microstrain, , are separated
using the expression ~
In A(L) = In ADF(L) + In AS(L) -(12)
For small values of L and this becomes
In A(L) = lnADF(L) - 2h2L2(e2 V d ^  -(13)
2. Variance Method.
Wilson calculated the variance over a deliberately restricted range, 
-Gp to +0 ,^ and related the result to microstrain and crystallite size. 
Rewriting equation (6) we have
I(sn) = P(2o) = /c(L) exp (-2TTiLs1)dL - (14)
K(0) 1
where s, = s - s .1 o
For a symmetrical microstrain distribution and no crystallite size 
broadening this reduces to
I (si). = / a £(L) cos(27rLs^ )dL “(15)
For crystallite size broadening alone and no peak displacement 
iCsp = / a DF(L) cos(2TiLs1)dL -(16)
The variance, W(s^), is defined by
W(Sl) = ( s2 ) - ( S;l> 2 -(17)
where ( s ^ ) = S-C? S1^(S1 ^ S1
1   - ( 18)
sJlfe'-Jds-,
and <s|> = J 2 1 1 1  - (19)
J‘agll ( s ^
If equations (15) and (16) are substituted into equations (18) and
(19) the variance due to microstrain, V,tS(s^ ), and due crystallite size, 
nr
W (s-^ ), can be calculated.
The total variance due to microstrain and crystallite size is given 
by the expression
Wfsp = llFCsp + We (s^ ) -(20)
Also W(29) = W(s1) “(21)'
COS20o
Using equations (20) and (21) the variance, in terms of 26, can 
be found.
W(2e) = KXa • - L/ X \2 + 4<e2)tan 20q ~(22)
7r2 De cos0 \2TrDe cos© Io o
K and L are shape factors known as the Scherrer constant and taper
parameter respectively. The variance is assumed to be calculated over
the symmetrical range -a to +a. The crystallite size De, is the same as
that defined in the Warren-Averbach method and the microstrain (e2)2,
is a root-mean squared strain independent of L.
3. Integral Breadth Method.
The Laue integral breadth can be calculated from the Fourier series
representing the distribution of power in the peak profile using the
relation
B(s) = ] S2 P(20)ds / P(290) -(23)
wThere s = 2sin0 
X
Substituting equation (5) into (23) and using the integration 
interval ^  - s^ ) = 1 we have
3(s) = = _1_ -(24)
The s coordinates can be converted to 20 using the relation 
3(20) = _X_ B(s) -(25)
COS0o
B(2b) = _X_ _l_ -(26)
COS0 /c(L)dL
DFFor crystallite size broadening and no peak shift C(L) = A (L).
eDF(2'0) = X  = X • • ■ ■ ■ , -(27)
cos@0JfiP^(V)dh D?Fcos0_
DFwhere the integral breadth crystallite size Dj is given by .
D jF = J ADF(L)dL -(28)
For symmetrical microstrain broadening
ge(2"0) = 1 -(29)
COS0Q /Ae(L)dL
For a Gaussian distribution of microstrain this reduces to 
3e(20) = 2/(2ir)etan 0Q “(30)
The integral breadths, 3 (20) and 3e(20), may also be derived
directly from Bragg’s law. The following expressions result:
gDF(2e) = KX_ ■ -(31)
D? cosO.I o
and 3e(20) = 4etan0Q “(32)
K is the Scherrer constant and varies for different shaped crystals 
and different hid..
PRACTICAL CONSIDERATIONS.•'
1. Instrumental Corrections.
The distribution of intensity in an X-ray diffraction peak 
is the convolution of the wavelength spectrum with the intensity 
functions arising from instrumental effects and specimen imperfections. 
The term instrumental effects, includes a whole range of physical 
aberrations. In a diffractometer these will include actual instrumen­
tal factors such as the mis-setting and finite width of the slit 
systems, 2: 1 gear mis-setting and asymmetric illumination.
Specimen effects account for a large part of the instrumental term.
These include the effect of the position and inclination of the 
specimen with respect to the diffractometer axis, the finite length 
of the specimen, the depth of penetration of the X-rays into the 
specimen and in some cases, the state of the specimen surface. '
Finally there are physical effects like the Lorentz-polarization 
factor and dispersion. Wilson has derived mathematical expressions 
representing these physical aberrations (19).
In a well aligned diffractometer, the largest aberrations 
at lower angles are usually due to beam penetration and finite 
length of the specimen. In the moderately high angle range the 
effect of the emission profile is dominant. Finally, at very 
high angles, physical factors and axial divergence are the most 
important.
The instrumental correction to a measured peak profile can be 
found in one of two ways. The first involves a calculation of the 
instrumental effects. This is usually a long and tedious process. 
Also it may be impossible to calculate the effects of all the 
aberrations. Secondly, a specimen free from imperfections may be 
used to determine experimentally the intensity functions arising 
from the wavelength spectrum and the instrumental factors. This 
latter procedure is the easiest and is most commonly used. '
Once the instrumental factor is known there is the 
additional problem of applying the correction to a broadened peak. ’ 
All the earlier methods assumed that the intensity distributions 
could be described by certain mathematical distributions. For 
example integral breadths can be corrected assuming either Cauchy 
or Gaussian line profiles. For Cauchy line profiles
3(20) = 3^(29) —3g(20), and for Gaussian line profiles '
[e(2e)]2 = [eh(2e)]2 - [eg(2e)]2,
where 3(20) is the corrected integral breadth, 3^ (20) is the 
integral breadth of the broadened peak and 3 (20) is the integral
o
breadth of the instrumental peak. The intermediate relation 
g(2'e) = eh(2e) - [eg(20)] ^ / 3^ (20), has also been used.
As mentioned previously, the distribution of intensity 
in an X-ray diffraction profile is the convolution of the 
instrumental and imperfection intensity functions. If h(x) is the 
observed broadened peak profile, g(x) the profile due to instrumen­
tal effects, and f(x) the true intensity profile resulting from the 
Imperfections then,
h(x) = /f (y)g(x-y)dy.
Stokes (20) showed that this equation may be solved for
f(x) in a completely deductive manner, requiring no assumption 
as to line shapes, by using the Fourier transforms of the functions 
h(x) and g(x). The basis of this method is that if two functions 
f(x) and g(x) are folded to give a function h(x), then the Fourier 
transform of h(x) is the product of the Fourier transforms of 
f(x) and g(x). The method is considered in greater detail in 
appendix 1 where a computer program that calculates the Fourier 
transforms is described. The Fourier transformation of the true 
intensity profile is calculated and these Fourier coefficients are 
used in the Warren-Averbach method.
The integral breadth may also be calculated from these 
Fourier coefficients, with the added advantage that no assumption ' 
as to the line shape is required as in the other integral breadth 
corrections.
The Stokes method corrects for the - Ko^ doublet in the 
wavelength spectrum. Several other methods have been used for the 
separation of the doublet, the most frequently used being those of Jones 
(21) and Rachinger (22). It has been found advisable to separate out 
the K«^ - K«2 doublet, or to line up the centres of gravity of the 
peaks, prior to carrying out the Stokes de-convolution process. ’
The variance method has the great advantage that the 
variances of the instrumental and of the true effect are additive.
It is therefore a relatively simple matter to correct variances for 
instrumental effects. Expressions for the variances of most of the 
geometrical aberrations have been tabulated by Wilson (23). The 
variance due to refraction has been considered by Wilson (24) and 
that due to specimen transparency by Langford and Wilson (25).
2. The Separation of Crystallite Size and Microstrain Effects.
The fact that crystallite size broadening is independent 
of the order of reflection in reciprocal space, whereas microstrain 
broadening is not, allows the two effects to be separated provided 
multiple orders of reflection are present. '
For integral breadth measurements? the equation of Wagner’ 
and Aqua was used i.e. ’
[g (2o)]2 = [ 6DF(2e)J2 + EbE (20)I2
3(20) is the measured integral breadth corrected for 
instrumental broadening. Substituting equations (31) and (32)
this becomes : 
[3(28)]2 = KX
D?^cos8rt
- I  o.
2 + [ 4s tane ]2 u o J
This can be written
3(20)cos0q 2 “k
X of
+ [2e]2[ 2sineo/X ]2
or (B*)2 = / K \2 + (2ed*)2
DF
'Di
where 3* = 3(20)c o s0q and d* = 2sin0Q = 1
x x dhkl
Therefore plotting (3*)2 against (d*)2 for multiple orders of hkl 
should give a straight line of slope 4e2 and intercept, on the (3*)2 
axis, of / K \2.
\ d?f)
In the V/arren-Averbach method equation (13) enables the separation 
of the two effects to be made.
lnA(I.) = lnADF(L) - 2t:2 L2<c2> /d2kl
For two or more orders of reflection this equation can be solved
n*n
for (e?) and InA (L) at fixed values of L. The effective crystallite
DFsize is obtained from the coefficients A (L) using equation (11). The 
DFvalues of A (L) are plotted against L and the slope of the initial 
part of the curve gives the effective crystallite size.
Equation (22) is the basis of the separation of crystallite size 
and microstrain effects for the variance method.
W(2'0) = KXa
7r2De cos0
- L
2it De cos0
4{e2)tan20Q
o o
According to this equation a graph of W(2'0) versus a should be 
linear with intercept
-L
27rDe cos0
4(e2^ tan20Q
and slope K X
7r2De cos0
However, in the derivation of this equation certain cross terms 
were ignored. These only become negligible for larger ranges. Wilson 
(26) found that the intercept of the variance range curve contained 
non-additive contributions inherent in the slow approach to zero of the 
functions convoluted in the line profile. Other non-additive terms were 
found to be less important as the range increased. The variance - range 
curves therefore consist of a non linear part at small ranges and a 
linear part at higher ranges. Langford and Wilson (27) found that a 
linear relation only existed if the background had been correctly 
deteimined. The method they suggested was to plot variance-range curves 
for different background levels. The level that gives a linear part of 
the curve is the correct background and is usually lower than the visually 
estimated background. The theoretical basis of this is the fact that 
the variance of a profile that approaches the background according to an 
inverse-square law is a linear function of a , i.e.
W = W + ka o
Edwards and Toman (28) have found that the linear part of the 
variance-range curve may exhibit a discontinuity in some cases. This 
is due to a satellite group of lines in the wavelength spectrum. The 
intensity of these lines is small and therefore the effect is small and 
vanishes for larger peak broadening.
The variance method does not necessarily require multiple orders 
to separate the crystallite size and microstrain effects. The effective 
crystallite size, De, can be found from the slope of the linear part of 
the variance range curve for one peak. The value obtained, when 
substituted into the expression for the intercept allows the microstrain 
to be evaluated.
3. Limitations on the use of any one method.
The Warren-Averbach and variance methods use nearly the whole of 
the diffraction profile. Therefore these methods are not suitable where 
the peaks overlap, that is, in complicated patterns. The integral and 
half breadth methods are the only ones suitable in these cases.
4. Estimates of Accuracy.
Random errors, inherent in the measurement of a diffraction profile, 
are not as important in line broadening analysis as are systematic errors. 
If sufficient care is taken in recording the profile the random error may 
be reduced to the order of one percent or less. Various systematic errors 
arising in line-profile analysis have been considered by Young, Gerdes and
Wilson (29), with particular reference to the effects of truncation 
and step length on the Fourier coefficients. Langford (30) has 
shown that the effects of truncation are negligible if a range of five 
times the Kaj - Ka2 separation is used on either side of the peak.
The main systematic error arises from the choice of a background level 
to be associated with a diffraction peak. The effect of the background 
on the broadening parameters is considered later in this chapter.
EXPERIMENTAL DETAILS
1. Materials.
Ball milled germanium and as received thoria powders were selected 
for study. The germanium was supplied by Halewood Chemicals Ltd, and 
the thoria by Thorium Ltd. The powders to be examined were prepared in 
the following ways. As-received germanium powder was annealed in a small 
laboratory furnace in a hydrogen atmosphere at 800° C for several hours 
to remove any oxide present. This material was milled in a Glen Creston 
mill with a vertical reciprocating motion. The mill was designed to 
vibrate at 700 rev./min. with an amplitude of I in. A tungsten carbide 
milling pot and ball was used and a charge of 1 gm. was milled for two 
hours. The thoria was used in the as-received condition and two grades, 
with particle sizes in the range 100 - 300 A and 400 - 800 X, were 
used.
A sample of the 400 - 800 X thoria was annealed in two stages 
0 0
at 1200 C and 1600 C for several hours in air. After the first run
at 1200° C, the material was lightly crushed before subsequent 
o
annealing at 1600 C. This procedure prevented the material from sintering 
too much. The annealed thoria and germanium powders were used for the 
instrumental corrections.
2. Diffractometry.
The X-ray diffraction line profiles were recorded using a 
diffractometer. This had a Philips X-ray generator and goniometer, with 
Panax electronic counting equipment. Automatic step-scanning facilities 
were available and Ni-filtered Cu radiation was used. A fixed count 
step-scanning technique was employed. The time taken to record lO4 counts 
was printed out on a Teletype machine. This intensity data was used, in 
conjunction with the computer programs described in appendices 1 and 2, 
to analyse the peak profiles.
The goniometer was of a vertically mounted type and had a three 
slit system with two Soller slits. A flat powder sample was used to
ensure parafocusing conditions. The sample, source and receiving 
slit are located on the focusing circle. Table 1 shows the slit 
configuration used as a function of the angle of diffraction.
The length of the step in the step-scanning procedure is determined 
by the breadth of the peak and the slits being used. Low order peaks 
were scanned in steps of 0.01 and 0. 02° (20) and higher order peaks in 
steps of 0. 02 and , occasionally for very broad peaks, 0. 04 (26).
Small crystallite size effects produce long tails in the broadened 
reflections. These are extremely important in the calculation of the 
Fourier coefficients in the Warren-Averbach method, and in the calculation 
of the variance. Therefore it is imperative that the recordings of the 
peak profile be carried out a sufficient distance on either side of the 
peak to establish the back-ground level and to minimise truncation errors.
For the variance and Fourier methods, the range and step length 
should allow for the line to be sampled at about 100 to 200 points in 
order to obtain accurate measures of breadth with negligible sampling 
error.
Germanium has the diamond cubic structure and the multiple orders,
111 - 444 and 220 - 440 , were sufficiently isolated for accurate analyses
to be carried out. Thoria has the cubic fluorite structure and the
multiple orders, 200 - 400 and 220 - 440, were suitable for analysis.
RESULTS and DISCUSSION. 1
The Warren-Averbach, variance and integral breadth methods were 
used to analyse the diffraction profiles of ball-milled germanium and 
as-received thoria powders. The effect of variations in the background 
level was considered for germanium.
1. Ball-milled germanium powder.
(a) The Warren-Averbach method.
The cosine Fourier coefficients, A (L), were calculated for the
111 - 444 and 220 - 440 peaks. Figs. 1 and 2 show these Fourier
coefficients plotted against L. From these curves values of A(L) were
measured for fixed values of L for each of the two sets of multiple orders.
This enabled equation (13) to be solved at the fixed L values. Fig. 3
i
shows the resultant values of ( e ^ ) 2 , obtained from the 111 - 444 and 
220 - 440 peaks, plotted against L. The values of microstrain shown
refer to those normal to the £ 111} and $110} planes, that is , in
the <111) and <110) directions. The values of AD^ (L) are shown
plotted against L in fig 4. The intercept of the initial slope on the 
L-axis gives the effective crystallite size, De (hkl) . The resultant
crystallite size is a measure of length in the 
directions.
The effect of variations in the background levels on the Fourier
coefficients was investigated. The background levels were shifted 5
and 10% above and below the visually estimated levels. This amounted
to a larger shift for the higher order peaks with higher background
levels. Figs. 5 and 6 show the resulting effect on 2 -*-n
directions <lll) and ( 110^ for changes of 5 and 10% about the
visually estimated levels. For some of the curves values of } 2
could not be found at lower values of L because the high order Fourier
coefficients were larger than the low order Fourier coefficients. This
implies a negative value of ( ^ l ) ^ 2 which is clearly impossible. It
can be seen that values of ) 2 at small L (L < 100 A ) are
highly sensitive to slight changes in the Fourier coefficients, and
these in turn are highly sensitive to changes in the background level.
DFThe effect of the background changes on the coefficients A (L) was 
less pronounced. The curves were generally shifted but the changes in 
the intercept on the L-axis of the initial slope were very small. Table
. . 1 o
2 shows the resultant values of / 2 at L = 100 A , and De (hkl)
for the different background levels. — -
Unreasonable values of are obtained at low L if the
background has not been‘set low enough. The value of <£l.)2 should
decrease steadily with increasing L because of strain inhomogeneity, and
also the falling off with increasing L of contributions from smaller domains
where the strains are larger. From fig. 5 it can be seen that the visually
estimated backgrounds for the 111 - 444 peaks were too high. As a
percentage change in the background has a greater effect on high peaks it
would appear that the background level of the 444 peak was over-estimated.
DFThe A (L) versus L curves show a "hook effect" at small values 
of L. Theoretically this is impossible because the second derivative of 
this curve gives the crystallite size distribution and a negative 
curvature implies a negative distribution function. Warren (31) has 
pointed out that the "hook effect" is a consequence of the linear
extrapolation to L - 0 of the Fourier coefficients A(L) when plotted
1 2  jiu
against /d hkl to obtain the crystallite size coefficients A (L).
(b) The Integral - Breadth Method. .
The integral breadths, corrected for instrumental broadening, were 
calculated from the Fourier coefficients. Values of ( $* )2 against
(d*) were plotted for the different background levels (fig. 7).
It can be seen that variations in the background level have a
larger effect on the high order peaks. There should be a
2 2
general increase of (3*) with increasing (d*) . The scatter of
the points may be a result of irregular shaped crystallites,
faulting and a variation of bond strength with direction. The
DFvalues of microstrain, e, and apparent crystallite size, DT /K,
2 2 1
were calculated from the graphs of (3*) against (d*) . The
results are shown in table 3.
(c) The Variance Method.
The variances of the 111 and 220 peaks, broadened and 
instrumental, were calculated over a series of ranges for 
different background levels. The results are shown in figs. 8,
9, 10 and 11. It can be seen that a variation in the background 
level has a large effect on the variance at larger values of a 
(half the angular range). A linear section was only obtained for 
one particular background level where the tails of the profile
approached the background according to an inverse - square law.
The linear sections did not shown any discontinuities. The 
crystallite size and microstrain were calculated from the slope 
and intercept, respectively.
Both broadened peaks show a smaller intercept than their 
instrumental profiles. This means that the term involving the 
taper parameter in the intercept is greater than zero, that is,
L>0. The only two crystal shapes that have l> 0 for both the (110) 
and (111) type reflections are cubes and tetrahedrons. Tetrehedral 
crystallites would seem to be rather unlikely and therefore it was 
assumed that the crystallites were cube shaped. For cubic crystal­
lites, K = 1.414, L =1.0 (110 reflections) and K = 1.732, L =2.0 
(111 reflections). Table 4 shows the measured intercepts and
slopes, and table 5 the resulting crystallite size and microstrain.
+  *
By considering backgrounds - 0.01 counts per second either side
of the correct background level, and fitting the best straight line
to the nearly linear portion, an estimate of the errors was obtained.
For the (111) reflections the values with an estimate of the error
2 1
were De = 285 - 15A°, <e )2 = 2.42 - 0.16, and for the 220 reflections
2 »
De = 175 i 10A°, <e ) s= 1.97 i 0.14.
The variance method gave^  information about the probable
crystallite shape. Assuming cubic crystallites it was possible 
to multiply the apparent crystallite sizes obtained by the integral 
breadth method by their respective Scherrer constants, and so 
obtain the true crystallite size.
(d) General Considerations.
Tables 6 and 7 compare the results obtained by the different 
methods for germanium. The errors shown correspond to an error . 
in the background level of 5%. It can be seen that the methods do 
not give the same results. This is not too surprising as the 
quantities were defined differently for the various methods. In the 
variance and integral breadth methods the microstrain as a function 
of column length L was replaced by a microstrain term independent 
of L. The value of microstrain from the integral breadth method
/ Mis approximately equal to \eL/ as L tends to zero.
It can be shown that the integral breadth crystallite size 
without faulting, , is related to the true crystallite size, 
D(hkl), obtained from a Fourier analysis by the relation
Dj = D(Kkl)2 / D(Md)
>  D(Hcl)
The two only become equal when the crystallites are all the 
same size. The results support this theoretical prediction. Both 
the integral breadth and variance crystallite sizes are larger 
than that obtained by the Warren-Averbach method.
2. As received thoria powders.
Whereas the ball-milled germanium powder would be expected to 
show a wide distribution of microstrains and crystallite sizes, the 
as received thoria in the controlled particle size ranges, 100-300 A0 
and 400-800 A0, would be expected to contain very little microstrain 
and a narrower distribution of crystallites.
(a) The Warren-Averbach method.
The Fourier coefficients were calculated for the 200-400 and 
220-440 peaks. The low and high order coefficients were found to 
be practically the same, indicating that the microstrain term was 
negligible. This effect is shown in fig. 12 for the 200-400 peaks
of 100-300 A0 thoria. The effective crystallite sizes were 
calculated from the A(L) coefficients. De(lOO) was found to be 
105 A0 and 260 A0 for the 100-300 A0 and 400-800 A0 thoria 
respectively. Similarly De (110) was found to be 100 A0 and 280 A0 
for the two grades of thoria.
(b) The Integral-Breadth Method.
The integral breadths, corrected for instrumental broadening,
were calculated from the Fourier coefficients. In fig. 13 values 
2 2 
of (8*) are shown plotted against (d*) for the two sets of
multiple orders and the two grades of thoria. The resultant lines
are horizontal indicating that microstrain is not present. The
apparent crystallite size values were found to be 105 and 255 A0
in (100) directions and 95 and 275 A0 in <^ 110) directions for
the 100-300 A0 and 400-800 A0 grades of thoria respectively.
(c) The Variance Method.
As microstrains are not present in the thoria powders
equation (22) reduces to the form
W(20) = K Act - l/ x
tr De cose ' 2ir De cos0o o
Therefore the intercepts and slopes of variance-range functions 
give values of the crystallite size.
Theoretically the results from the slopes and intercepts 
should be the same.
The variance-range functions for the two sets of multiple 
orders and the two samples of thoria are shown in figs. 14, 15 
and 16. Both grades of thoria exhibit negative intercepts. This 
information gives an idea of the crystallite shapes. If the 
crystallites were cubic then there would be no negative intercept 
for the 200 reflections and if they were octahedral the 220 
reflections would not exhibit negative intercepts. The only 
possible shape to account for these negative intercepts is a 
tetrahedron. Table 8 shows the apparent and true crystallite 
sizes obtained from slopes and intercepts. The crystallite sizes 
from the slopes and intercepts agree to within approximately 101.
(d) General Considerations.
Tables 9 and 10 compare the results obtained by the different 
methods for the thoria powders. The apparent crystallite size from
the integral breadth results was converted to a true crystallite 
size by multiplying by the appropriate Scherrer constant for 
tetrahedral crystallites. The crystallite size values are subject 
to an error of between 5 and 10$. Results from the different 
methods are in reasonable agreement. The crystallite size values 
from the Fourier method are generally smaller than the values 
from the other methods.
The measured crystallite sizes are generally less than, or of 
the order of, the mean stated particle size. The results suggest 
that the thoria particles consist of one or two crystallites. 
CONCLUSIONS
The agreement between the different methods was found to be 
reasonably good. The differences may be attributed partly to the 
differing definitions of the quantities involved. The results are 
summarized in tables 6 and 7 for germanium and tables 9 and 10 for 
thoria.
Theoretically the crystallite sizes obtained from the Fourier 
and variance methods should be the same. This was not found to be 
the case and these findings are supported by the work of Langford 
(32). The discrepancy is probably a result of the approximations 
made in deriving equations for the broadening parameters in terms 
of microstrain and crystallite size.
The crystallite size values obtained by the integral breadth, 
method were generally greater than the values calculated from the 
Fourier coefficients. Theoretically the difference between the two 
sizes should become less as the crystallite size distribution narrows. 
The discrepancy was greater for germanium than for thoria, indicating 
that the crystallite size distribution was greater for germanium.
This was very likely as the germanium had been milled, thus 
inducing a wide range of microstrain and crystallite sizes, while 
the thoria was supplied in narrow particle size ranges. '
The microstrains calculated by the variance and integral breadth 
methods are a root mean squared strain independent of column length 
L whereas the Warren-Averbach method gives a microstrain as a 
function of L. This makes it rather difficult to compare the 
microstrain values calculated by the different methods. ' The
microstrains calculated by the integral breadth method was found 
to be approximately equal to the Warren-Averbach values as L tended 
to zero.
An error in the estimation in the background level was found 
to be important. It should be usually possible to estimate back­
ground levels to within 5$ of the true value. In the Warren- 
Averbach method the effect of different background levels is most 
pronounced at small L values. Values of the microstrain at small 
L values must therefore be considered as rather unreliable.
It can be concluded that despite their theoretical differences 
the different methods give results that are in reasonable agreement 
If results from different experiments are to be compared it would 
be obviously better for the same method of analysis to have been 
used in each case.
Table 1. Slit configurations.
Angular Range, Slit
°20 Divergance Receiving Scatter
15-30 1° 0.1 mm. 1°
30 - 50 1° 0.1 mm. 1°
50 - 90 2° 0.2 mm. 2°
>90 4° 0.2 mm. 4°
1
Table 2. The values of microstrain, (e*)2, and effective crystallite 
size, De(hkl), for varying background levels.
Background Level. ( e * ) 1.1C? (L=100 A) De(hkl), X
<111> <110> (ill) <110)
Visually estimated. 1.76 1.90 160 130
5$ increase. 1.45 1.74 * 125
10$ increase. 1.02 1.62 * *
5$ decrease. 1.93 2.15 170 125
10$ decrease. 2.22 2.21 170 125
* Values of De(hkl) could not be found because at low L values 
the high order Fourier coefficients were larger than the low 
order Fourier coefficients.
Table 3. The values of microstrain, e , and apparent crystallite
Dp
size, Dj /K, for varying background levels.
Background Level. e.10^ Dj^/K, X
<111> <110> <111) <110>
Visually estimated. 3.57 4.30 300 225
5$ increase. 2.92 3.81 290 210
10$ increase. 2.41 3.38 285 200
5$ decrease. 4.33 4.98 335 265
10$ decrease. 4.96 5.57 365 355
Table 4. Intercepts and slopes from the variance-range functions 
hkl Intercept Slope
111,instrumental. 1.01.10 ^ 3.50.10"^
220,instrumental. 1.96.10 ^  3.59.10 ^
111,broadened. -0.193.Iff5 1.33.10-3
220,broadened. 0 1.74.10 3
Table 5. The calculation of crystallite size and microstrain assuming
cubic crystallites.
hkl W k De Wo <e2y.l03
111 -2.94.10-6 0.98.10”3 285 t, 1.39.10”6 2.42
220 -1.96.10"6 1.38.10”3 175 2.70.10'6 1.97
WQ is the intercept corrected for instrumental effects, 
k is the slope corrected for instrumental effects.
k = KX
it2 DecosG
Table 6. A comparison of the results obtained by the different
methods for the <110) directions in germanium.
3
Method Microstrain.10 Crystallite size
Warren-Averbach 1.90± 0.20 * 130± 5
Integral Breadth 4,3+ 0.6 240± 251 .
Variance 1.97+ 0.14 175± 10.
Table 7. A comparison of the results obtained by the different 
methods for the <111) directions in germanium.
3
Method Microstrain.10 Crystallite size
Warren-Averbach 1.76± 0.24 * 160± 10
Integral Breadth 3.6+ 0.7 345+25*
Variance 2.42± 0.16 285± 15*
. 1 o
* Microstrain taken as \e£/2 at L= 100 A .
* The crystallites are assumed to be cube shaped,
Table 8. Crystallite sizes from the slopes and intercepts of the 
variance-range functions for the two grades of thoria.
Grade 
<Mcl> 
Apparent size
©
from intercept, A
True size 
from intercept, X
Apparent size
o
from slope, A 
True size
o
from slope, A
100-300 A
< 100> .(110)
80 100
140 120
70 100
150 145
400-800 X 
<100 > <110>
210 230
360 275
160 160
335 235
The crystallite shape is assumed to be tetrahedral.
Table 9. A comparison of the crystallite sizes obtained by the
different methods for the 100 - 300 A thoria.
Source of crystallite Crystallite size, X
size value. <100) <110 )
Fourier coefficients 105 100
Integral breadth 150 95
Slope of variance-range function 150 145
Intercept of variance-range function 140 120
Table 10 A comparison of the crystallite sizes obtained by the 
different methods for 400 - 800 A thoria.
o
Source of crystallite Crystallite size, A
size value. ^100) (110^
Fourier coefficients 260 280
Integral breadth 355 270
Slope of variance-range function 335 235
Intercept of variance-range function 360 275
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Fig.l. The graphs of A(L) versus L for the 111 and 444 peaks of ball
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Fig.2. The graphs of A(L) versus L for the 220 and 440 peaks of ball
milled germanium. The background levels were visually estimated.
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Fig.3. The graphs of microstrain, ( e f ) 19 versus column length, L, 
for ball milled germanium.
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Fig.7. The variation of (3*)2 with (d*)2 for different background levels 
in ball milled germanium.
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Fig. 12. The graphs of A(L) against L for the 200-400 peaks of 
100-300 A thoria.
(s*)2 .106 (A"2)
120 r
100
JL
100-300 A
80
60
40
20
0
200 220 400
0 0.2 0.4 0.6 0.8
o
440
__i_
400-800 A
j (d*)2 (A-2)
1.0 1.2
* 220-440 peaks 
x 200-400 peaks
Fig.13. The variation of (8*)2 with (d*)2 for the 100-300 A 
and 400-800 A grades of thoria.
220
200
4
3
2
1
a . 10 radians
0
0.60 0.40.2 0.8 1.0
Fig.14. The variance-range curves for the 200 and 220 
peaks of annealed thoria.
20 W(20).1O radians
220
200
15
10
5
o. 10 radians
0
1.0 2.0
Fig.15. The variance-range curves for the 200 and 220 
peaks of 400-800 % thoria.
W(2e).10^ radians^
70
60 200
50 220
40
30
20
10
a. 10 radians
0
/  / 3.00 1.0 2.0
Fig. 16. The variance-range curves for the 200 and 220 peaks of 
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CHAPTER 2.
THE TEMPERATURE DEFORMATION CHARACTERISTICS OF SCME HARD MATERIALS. 
INTRODUCTION
The aim of the study was to investigate the effect of temperature 
on the deformation characteristics of materials with different types of 
bonding. The materials used in the study were all characterized by 
relatively high hardness values and were in the form of powders. Ball 
milling was used to induce deformation in the powders. The three bond 
types, ionic, covalent and metallic were considered.
LITERATURE SURVEY.
1. DEFORMATION IN IONIC MATERIALS.
Ionic crystals have a special place in the history of crystal 
plasticity because they were the first to be investigated systematically. 
Reusch (33) was one of the earliest investigators in this field. He 
studied the deformation of rock salt crystals and concluded that the 
crystals deformed by gliding in the <110) directions on the {110} type 
planes. This earlier work is summarised in the book by Schmid and Boas 
(34).
Most of the work on ionic crystals has been done on materials 
having the rock-salt structure. Buerger (35) has studied a wide range 
of materials having this structure. He found lithium fluoride, 
magnesium oxide and sodium chloride deformed by gliding in the <110) 
directions on the {llOj type planes. Lead sulphide and lead telluride 
retained this glide direction but on {100} type planes. Potassium 
bromide, potassium iodide and the silver halides behaved in an intermediate 
behaviour showing signs of slip on both these types of planes. He 
correlated this behaviour to ionic polarizability. The tendency of 
crystals to glide on {100} planes increases with increasing polarizability 
of the ions in the crystal. Another way of saying this is that the 
tendency towards {100} glide increases as the ionic character of the 
bonding decreases. Thus crystals that show this type of glide are 
insoluble in water and conduct electrons to a greater extent than crystals 
that show a strong preference for {110} glide. At high temperature, most 
rock-salt type crystals glide readily on {100} planes (36). This • 
behaviour may also be explained by the character of the ionic bonding, as 
increasing temperature results in a decrease in the ionic character of the 
bond.
The preference for (110 ){110} or <110 ){ lOOjglide can be readily 
understood from the following simple considerations. The slip direction
is usually the shortest lattice vector and the slip plane, the plane 
with the highest atomic density. If the atoms were all the same the 
lattice would be simple cubic and the shortest lattice vector and 
hence predicted slip direction would be along <100> directions. The 
slip planes would be of the {100} type. However, if this occured in the 
rock-salt structure, the sodium ions in one layer would move close to 
sodium ions in the adjacent layers, and similarly with the chlorine ions. 
This is very unfavourable energetically because of electrostatic repulsion 
considerations and does not occur. The only low index directions that 
lie parallel to rows of ions of the same charge sign are <110) directions. 
Glide can occur in these directions without juxtaposing ions of the same 
sign. The planes of type {100} and {llOjare both high density planes' 
containing this direction.
It is known that sodium chloride and potassium chloride become more 
ductile at elevated temperatures (34). Johnston et al. (37) examined the 
variation with temperature in the plastic deformation of silver chloride, 
sodium chloride, lithium fluoride and magnesium oxide. They determined the 
ductility transition by measurement of the energy absorbed in the 
deformation and ductile fracture of specimens impact loaded in air at 
different temperatures. This transition temperature varied greatly with 
the material under consideration. For silver chloride the transition 
temperature was one tenth the value of the melting point whereas for 
magnesium oxide it was greater than half the melting point. Gilman (36) 
has measured the stresses needed to cause glide and found that glide is 
much more difficult on {100} planes than on {llO} planes in lithium 
fluoride, except for temperatures above four hundred degrees centigrade. ' 
Stokes and Li (38) have studied the change in slip mode with temperature 
for silver chloride, sodium chloride and magnesium oxide. For a given 
material they found that at low temperatures <110) {110} type slip or 
glide occurred. At higher temperatures it was possible for slip to 
occur on any plane containing the <110) directions. The transition 
temperature was found to be slightly less than half the melting point 
for sodium chloride and lithium fluoride. The transition was found 
to correspond closely to the brittle-ductile transition. Paterson and 
Weaver (39) observed a change in slip system with temperature in 
magnesium oxide. Below three hundred degrees centigrade (110) {110} 
slip prevailed. At intermediate temperatures, (330-600° C), the slip 
modes <110 > {110 j and < 110 ) i 112] were observed, and above six hundred 
degrees centigrade this changed to the <110) { 100} slip system.
Groves and Kelly (40) have calculated the number of independent 
slip systems in the rock-salt structure. The slip system <110> {110] 
gives rise to six physically distinct systems but only two of these 
are independent. The slip system <110)(100} has three independent 
systems. Von Mises (41) pointed out that for a crystal to be able 
to undergo a general homogeneous strain by slip, five independent 
slip systems are necessary. At lower temperatures where <110)(110} 
slip predominates in the more ionic crystals, the two independent 
slip systems are insufficient to produce a homogeneous strain.
At higher temperatures when <110100} slip is also present the total 
number of slip systems is five and therefore a homogeneous strain is 
possible. A different result for the brittle-ductile transition will 
be obtained depending upon how the transition point is defined. For 
example different results will be obtained if the transition point is 
determined from the appearance of slip lines or the onset of homogeneous 
strain. Care should obviously be taken in interpreting published data.
A material said to be plastic only above a certain temperature will 
usually exhibit slip at lower temperatures .
The geometry of dislocations in ionic crystals has been considered 
in some detail (42). Studies of the motions of individual dislocations 
in lithium fluoride crystals have been reported in a series of papers by 
Gilman and Johnston (43,44,45). They considered the effect of temperature, 
heat treatment and radiation damage on the velocities of dislocations.
The motions of the dislocations were observed by etch-pit methods. For 
an increasing temperature the sheer stress to produce a certain 
dislocation velocity is reduced.
Gilman postulated that the yield stress in ionic crystals is 
determined primarily by the stress required to move dislocations in them. 
This was demonstrated (45) by showing that the macroscopic yield stresses 
of lithium fluoride crystals are linearly proportional to the stresses 
required to cause sensible motions of fresh dislocations in the same 
crystals. Thus, the yield stresses are not determined by the stress to 
pull dislocations away from impurity atmospheres, the stress to push 
dislocations through a forest of other dislocations or the stress to 
operate Frank-Read sources. The yield stresses of ionic crystals are 
quite sensitive to temperature. Eshelby et al. (46) found that the 
yield stress of sodium chloride exhibited maxima and minima when plotted 
as a function of temperature. Earlier work (47,48,49) had shown that 
impurities had an effect on the yield stress in sodium chloride.
Divalent impurities were found to be about two orders of magnitude more
effective than monovalent impurities in raising the yield stress.
Bassani and Thomson (50) interpreted this in terms of the migration 
of impurity ions or vacancies to the dislocation cores and the consequent 
pinning of the dislocation. In lithium fluoride crystals it seems unlikely 
that such static effects can be of prime importance (45). A simple 
qualitative interpretation is that impurity-chlorine bonds are stronger 
than sodium-chlorine bonds, especially if the impurity is divalent. 
Therefore, the speed of a dislocation is reduced slightly whenever it 
encounters such bonds as it moves through an impure sodium chloride 
crystal.
Although the sensitivity of the yield stresses of ionic crystals to 
impurities, temperature etc., tends to obscure effects related to the 
structures of the pure crystals, two effects can be observed which should 
be mentioned. Ionic crystals have higher indentation hardness and hence 
higher yield stresses, as their elastic moduli increases. This is to be 
expected because the theoretical stress needed to move a dislocation,the 
Peierls-Nabarro stress, is proportional to the elastic modulus (51).
Another intrinsic effect of the crystal structure is the variation in 
yield stress with the glide plane (36,52).
Jogs have a special importance in ionic crystals because they are 
sometimes charged (46,53). A jog in an edge dislocation may or may not 
lie in a plane that is equivalent to the primary glide plane. If it does 
not, it may experience more resistance to gliding than the main 
dislocation. In rock-salt type crystals, a jog in a <110){ll0} dislocation 
cannot glide in the primary plane because each <110) direction is 
contained by only one {110} plane. In screw dislocations, jogs are 
perpendicular to the Burgers vector . Thus they are small bits of edge 
dislocations and their glide planes contain the main dislocation. This 
means that they have difficulty in moving at low temperatures. They 
do move at low temperatures but this requires that they leave pairs of 
edge dislocations in their wakes that connect the main dislocation with 
its jogs.
The role of grown-in dislocations and freshly introduced dislocations 
has been considered (38). Dislocations grown into the material may not 
participate in slip or provide sources to initiate slip. They may be 
pinned by impurity precipitates or possess the wrong slip vector or be on 
the wrong slip plane. Fresh dislocations injected into the surface may 
possess the correct Burgers vector and lie on the right slip plane to 
promote slip. They will also be free from contamination and the resulting
pinning effects. It is very easy to introduce dislocations in ionic 
materials and may be done by any simple mechanical contact. Magnesium 
oxide single crystals sprinkled with silicon carbide to produce a high 
concentration of surface dislocations, fracture, by pile up of edge 
dislocations, at one tenth the value of a well annealed single crystal 
(38).
Other types of surface defects, and in particular surface notches, 
have been considered in ionic materials. Johnston et’al. (37) found that 
the ductility transition in notched silver chloride crystals occurred at 
much higher temperatures than in crystals without notches. Gorum et al. 
(54) have put forward the hypothisis that ionic solids are intrinsically 
ductile but are readily embrittled particularly by notches. Thus, as first 
proposed by Joffe et al (55), the enhanced ductility of sodium chloride 
crystals observed in tests carried out underwater may be due to the 
effective elimination of embrittling surface cracks.
The ability of an ionic solid to accommodate plastic flow at a 
given temperature without fracture has been found to depend to a marked 
degree upon the imposed plastic strain rate. Stokes etal. found that 
magnesium oxide crystals may be bent to a surface plastic strain of 
fifteen percent when tested at toom temperature at a strain rate of 
10~ 5 sec (56,57). '
There is much less information about materials that do not have 
the rock-salt structure. The mechanisms by which plastic deformation 
occurs in alumina are slip and twinning. Wachtman and Maxwell (58) 
observed basal, or (0001), slip in the <1120) direction at temperatures 
above nine hundred degrees centigrade. Kronberg (59) identified this 
slip system in dynamic tensile loading in the temperature range 1300 to 
2000° C. He postulated that the total dislocation <1120) (0001) 
dissociates into quarter partials 1/3 <1120) (0001). Slip on a second 
or prismatic slip dislocation system was observed by Klassen-Neklyudova 
(60) on the { 1210} planes in <1010) directions at 2000° C. Scheuplein 
and Gibbs (61) observed both basal and prismatic glide systems during the 
bending of sapphire rods at temperatures approaching 2000° C. Kronberg 
(59) noticed the similarities in slip properties of alumina and the 
structurally related hexagonal metals. Congleton and Petch (62) found 
that sapphire did not break in a fully brittle fashion but some plastic 
flow occurred at the tips of cracks. Further evidence of plastic 
deformation in alumina comes from friction and wear experiments. Whereas 
bulk plastic deformation of alumina requires temperatures in excess
of 900°Cj Steijn (63) demonstrated that basal and prismatic slip systems 
are operative on a microscale during wear experiments. The deformed layer 
extends to approximately 50 microns below the worn surface. When the 
rubbing orientation is such that both basal and prismatic slip are blocked, 
a brittle type of abrasive wear, characterized by conchoidal fracture of 
the surface occurs. His results suggest that plastic flow of surface 
asperities could occur. Duwell(54) observed evidence of plastic flow when 
alumina single crystal spheres were rubbed on a wet steel surface.
There have been , few studies of deformation or dislocations in 
materials with the fluorite structure. Melinckx (42) and Roy (65) looked 
at the ionic configurations of dislocations. Keig and Coble (66) measured 
the stress dependence of the dislocation velocity in calcium fluoride at 
low stresses and at a number of temperatures. They noted that the screw 
dislocation velocity was significantly larger than the edge. For a given 
applied stress the dislocation velocity increased with increasing 
temperature in the range 25 to 100°C. Edington and Klein (67) have studied 
slip and fracture in single crystals of thoria, which has the fluorite 
structure. Hardness impressions were made on the {111} faces of single 
crystal specimens of thoria in the temperature range 20 to 900° C. Slip 
was observed to occur on {100} planes and the fracture planes at room 
temperature and 900° C. were identified as the (ill} type planes. Gilbert 
(68) studied thoria platelets using transmission electron microscopy. He 
concluded that cleavage primarily occurred on {111} planes but occasional : 
instances of {011} and {001} cleavage were observed. Trace analyses on 
slip bands suggested that slip had occurred on {111} planes at higher 
temperatures.
The technique of X-ray line broadening analysis had not been applied 
to deformation studies in ionic materials in any detail until the work of 
Lewis and Pearson (69,70). They found that alkali-halide compounds could 
be deformed plastically at room temperatures. Lewis and Lindley (71) have 
shown that ball-milling causes strains in refractory oxides at room 
temperature. Zaki (72) studied the temperature variation of microstrain, 
produced by ball-milling, in alkali-halide compounds. He found that the 
amount of induced microstrain in the compounds exhibited a maximum 
somewhere in the temperature range -200° C to - 40° C. '
'2. DEFORMATION IN COVALENT MATERIALS. '
Semiconducting materials such as germanium and silicon are readily 
available in the form of pure, nearly perfect single crystals. They are 
therefore ideal for studying imperfections, since it is possible to start
with a nearly dislocation free material and investigate the changes in 
mechanical properties, after the introduction of controlled arrays of 
imperfections.
Co-valent materials are considered to be brittle at room temperature 
and only become plasticUnder the application of stress at high temperatures. 
Gallagher (73) reported that both germanium and silicon could be 
plastically deformed by bending at elevated temperatures. Germanium became 
ductile above five hundred degrees centigrade. Subsequent investigation 
by Churchman et al. (74) has shown that plastic flow occurs in a number of 
covalent materials at higher temperatures. They considered silicon, 
germanium, gallium antimonide, indium antimonide and zinc blende. In these 
materials, beneath hardness impressions formed at elevated temperatures, 
they found evidence of deformation twins in the temperature range 0.44 to
0.74 of the absolute melting temperature.
Friedel and Ribaud (75) reported a relaxation of birefringence in a 
diamond crystal which had been heated to 1880° C. They interpreted this 
result as indicating relief of strain via plastic deformation. Seal and 
Menter (76), using reflection electron microscopy, claimed that plastic 
deformation occurred during the polishing of diamond surfaces. Phaal (77) 
studied deformation produced by pyramid-type diamond indentors on polished 
diamond flats, at temperatures in the range 1800° C to 1850° C. Slip 
together with a certain amount of cracking was observed. Two sets of slip 
lines were observed, one as a result of slip on {111} planes and the other 
on {123} planes .
A treatment of dislocations in the diamond and zinc blende structures 
has been given by Homstra (78). Read (79) has studied the dislocation 
geometry in germanium and the effect on electrical properties, plastic 
deformation occurs by slip on {111} planes. Dislocations run in <011): 
directions and on {111} planes, the slip, or Burgers vector is in the 
<110) directions. Above the slip plane there is a row of atoms that 
have no neighbours in the plane below. These atoms form the edge of 
an atomic plane that ends on the slip plane. For each atom that has no 
neighbour below,there is a dangling unpaired electron. These dangling 
electrons are the basis of certain electrical effects.
Various investigators have studied the deformation produced by 
tension. Treuting (80) observed a double yielding process at higher 
temperatures and attributed this behaviour to the interaction of 
dislocations and impurity atoms. Further details of the tensile slip 
process were examined by Rosi (81) and Bardsley and Bell (8’2). Rosi
extended flat strips of high purity polished germanium above seven 
hundred degrees centigrade and observed slip and kink bands. Bardsley 
and Bell found evidence of primary slip in the ^ 110) directions on 
[ill] planes and bands of secondary slip. The secondary bands of slip 
were roughly parallel to the primary lines and contained mostly slip 
on a secondary system.
Compression experiments have been performed on germanium by
Patel and Alexander (83) and Greiner et al. (84). Greiner et al. observed
changes in the structure and electrical properties during deformation and
o
annealing. The specimens were compressed in the temperature range 400 to 
900° C. and examined on {111] and [100] type faces for dislocation etch 
pits. With small compressions at the lower temperatures, dislocations were 
observed to be aligned in slip plane traces. At higher temperatures and 
larger compressions, the slip trace markings become more intensified until 
at 900 0 C. and 301 reduction, a definite domain type of structure was 
observed with the domain walls bounded by the active slip planes.Prolonged 
annealing of the compressed germanium close to its melting point resulted 
in the number of dislocations decreasing and the domain structure becoming 
more pronounced. Recrystallization was not observed, and it was concluded 
that this was because of the low dislocation density compared with metals 
which exhibit recrystallization. Patel and Alexander investigated the 
effect of temperature, orientation, impurity content and annealing, on the 
compressive stress strain characteristics of germanium single crystals at 
elevated temperatures. The characteristics were found to be roughly the 
same as those in face centred cubic metals.
Greiner (85) has deformed both germanium and silicon in torsion
o o .
at 850 C and 1,180 C respectively. The greatest number of dislocation
etch pits were concentrated in the (ill) plane, normal to the torsion axis.
Very little slip was observed to occur on the other {ill} type planes.
Three of the (110) slip directions were found to be operative. ‘
Indentation at high temperatures was employed by Greiner et al. (84) 
and Breidt et al. (86) to establish the correspondence between slip lines 
observed on a polished surface of a germanium crystal and dislocation etch 
pits. They concluded that in the majority of cases the slip lines and etch 
pits were coincident. Cases existed where slip lines had no corresponding 
slip lines. The former case may be explained by the fact that the 
dislocations generating the slip lines come to the surface and pass out of 
the crystal. In the latter case, a line of dislocations in the near screw 
orientation may not produce a perceptible slip line.
A thorough investigations of the mechanical properties of small
silicon crystals was carried out by Pearson et al. (87). They studied
fracture, yield and plastic flow as a function of crystal size,
temperature, impurity content and heat treatment. Silicon whiskers and
thin silicon rods, cut and etched from a large ingot, were bent at varying
temperatures. The fracture strength of the rods cut from the large ingot
depended critically on the surface conditions. High values were obtained
only on those samples which had been etched to a smooth mirror finish.
The fracture strength of the rods were found to be approximately equal
to that of whiskers of the same size. Decreasing the crystal size resulted
o
in higher fracture strengths. The silicon deformed plastically above 600 C.
Breidt et al. (88) have shown that the fracture behaviour of small 
germanium rods is altered by the external environment. In particular the 
fracture strength increased when the rods were immersed in an etching bath 
which attacked surface irregularities as they were formed. It was also 
demonstrated that dislocations can be generated, and twinning can occur in 
germanium at room temperature, under the high stresses possible with etch 
solutions.
Suzuki and Kamada (89) found evidence of plastic deformation in 
germanium at room temperature. Fracture surfaces of germanium crystals: 
cleaved at room temperature were examined by optical and electron 
microscopy and by X-ray diffraction. Evidence of plastic deformation in the 
surface zones was found. They proposed that the surface zones were deformed 
by imperfect deformation twinning which would take place along (123} planes 
in the ideal case. The deviation of the twin boundary from the ideal was 
attributed to the high Peierls force in germanium. Deformation twins may 
be formed through the large stress concentration at the tip of a crack. '
Deformation of some group 111 - V compounds has been studied 
by Allen (90,91) . Abrahams (92) and as previously mentioned, Churchman 
(74). Allen found that at room temperature indium antimonide was 
completely brittle, deforming elastically up to the fracture point where 
the material cleaved on {110} planes. At 200° C and above it became plastic 
and single crystal bars were made to sustain substantial deformation.
Abrahams found that gallium arsenide behaved in a similar manner to gemanium. 
and silicon.
The dislocation studies of Chaudhuri et al. (93) suggested that 
nearest neighbour interactions controlled the motions of dislocations in 
covalent crystals. They measured the velocities of individual dislocations 
in crystals of germanium, silicon, gallium antimonide and indium antimonide
as a function of stress and temperature. They found that the temperature 
dependences of the dislocation velocities in these crystals can be described 
by Arrhenius equations. The activation energies that they determined from 
these equations are proportional to the elastic shear stiffnesses of the 
crystals. Further more, the activation energies for dislocation glide 
are approximately equal to the energies of single bonds in germanium and 
silicon. Thus it would appear that a dislocation glides through a covalent 
crystal by the breaking of individual chemical bonds.
There have been relatively few X-ray line broadening studies on 
covalent materials. Gillies (94) observed the deformation produced by 
ball milling in diamond, germanium and silicon powders. Silicon and 
germanium were readily deformed at room temperature. Diamond, with stronger 
covalent bonding, could be deformed only a small amount at room temperature, 
but ball-milling at 200° C. gave rise to much more deformation. Strained 
silicon and germanium powders were found to undergo recovery and 
recrystallization reactions similar to those observed in cold worked metals. 
3. DEFORMATION OF THE TRANSITION METAL CARBIDES. '
Despite the technological importance of the transition metal carbides, 
it is only recently that single crystals have been grown. Studies of the 
deformation induced in single crystals have therefore been relatively few. , 
The inherent brittleness of the carbides has generally led people in the 
past to believe that little or no deformation can take place prior to 
fracture.
Williams and Schaal (95) plastically deformed titanium carbide single 
crystals at temperatures from 800° to 2200° C. Dislocation etch-pit studies 
on {100} cleavage surfaces after bending showed that the slip plane is I 111}' 
and the slip direction (110) . The slip system is the same as that of the 
f.c.c. metals and diamond cubic semiconductors. A shear stress of 0.4 of the 
theoretical strength was obtained. The results support the idea that the 
bonding in the transition metal carbides is partially covalent. ’
A fundamental study of the ductile-brittle behaviour of single 
crystals of titanium carbide, zirconium carbide and niobium carbide has been 
undertaken by Williams (96) . The crystals were deformed in the temperature 
range 800 ° to 1600 ° C. The three carbides behaved similarly, but niobium 
carbide was several times harder than titanium or zirconium carbide. The 
critical resolved shear stress decreased exponentially with increasing 
temperature, increased with increasing carbon content, was little affected 
by the surface condition and increased as the logarithm of the strain rate.
Hollox and Snallman (97) studied thin foils of titanium carbide 
produced by electro-etching techniques. Electron micrographs of material :
deformed in compression at 1100 C showed evidence of dislocation dipoles 
and elongated dislocation loops.
Vahldiek (98) studied single crystals of titanium carbide and noticed 
that cleaving along (001) , (100) and (110) planes produced slip of the
^110) {111} type. Stacking faults were sometimes associated with 
dislocations in the (001) and (100) planes. Venables (99) also observed 
stacking faults in titanium carbide crystals doped with boron.
Although single crystals of titanium carbide stressed below about 
800° C appear to be completely brittle, some evidence for dislocation 
motion at room temperature has been obtained. Surface markings consistent 
with slip on {111} planes have been observed close to Khoop microhardness 
indentations (100) and close to friction tracks (101).
Takahashi and Freise (102) observed slip in single crystals of 
tungsten mOnocarbide around Vickers pyramid hardness indentations. The slip 
plane was found to be of the type {1100 } at room temperature and the slip 
directions were postulated to be < 0001) and ^ 1120) . The hardness on a 
(0001) face was approximately twice the value determined for a {1100} face.
This was attributed to the ease of motion of dislocations with <{1120 )
Burgers vectors as opposed to the dislocations having ( 0001) Burgers vectors 
since the former can dissociate into ^ 1123) partial dislocations. Slip on 
the {llOO} planes can occur with the breaking of either two or four bonds 
per Unit cell . It has been suggested that basal slip may be possible at 
elevated temperatures.
Luyckx (103) carried out bend tests on tungsten carbide-cobalt alloys 
at room temperature. Plastic deformation of the tungsten carbide was found 
to precede, accompany and follow fracture. '
Gillies and Lewis (104,105) have carried out a thorough investigation 
of the deformation induced in transition metal carbides by ball-milling. The 
extent of the deformation was ascertained by X-ray line broadening techniques'. 
Titanium carbide, zirconium carbide, tantalum carbide,vanadium carbide, 
niobium carbide, dimolybdenum carbide and tungsten carbide were all strained 
by ball-milling at room temperature. The amount of strain was comparable in 
magnitude to that induced in the parent metals under similar milling conditions. 
For lower numerical values of the free energy of formation at room 
temperature, greater amounts of strain were induced. It was found that the 
strain annealed out, provided that the material could be prevented from 
decarburizing.
EXPERIMENTAL DETAILS.
The High Temperature Ball Mill.
The materials considered were in the form of powders with small 
particle sizes, usually of the order of a micron. Ball milling is the 
most convenient way of mechanically deforming powders and it was therefore 
decided to construct a ball mill that would operate at different 
temperatures. The basis of this apparatus was a Glen Creston mill with a 
vibrating motion. It was designed to vibrate at 700 r.p.m., with an 
amplitude of I in. Various attachments to carry the milling vessel could 
be screwed onto the vibrating shaft. The general layout shown in Fig.17. 
was adopted. In this design a shaft, and clamping assembly for the milling 
pot, projected into a furnace. The furnace was an ordinary muffle furnace 
designed to operate up to approximately 1000° C. Alumina bricks were used 
as an insulating material and the whole furnace assembly was contained in 
an asbestos box. A variable mains transformer was used to supply power to 
the furnace and the temperature inside the furnace was measured with a 
chromel-alumel thermo-couple. It was possible to control the temperature 
to within approximately 10 C. Inconel was chosen for the parts of the 
apparatus that had to withstand high temperatures. The shaft and clamping 
assembly were therefore made in Inconel and the design used is shown in 
Fig.18. The shaft was hollow so that an inert gas could be passed into the 
clamping assembly vessel holding the milling pot. The clamping assembly 
vessel was made fairly gas tight and the inert gas passed into it up the 
shaft was at an excess pressure so that it leaked away to the atmosphere.
This simple arrangement ensured that milling could be carried out in an 
inert atmosphere and proved to be successful. The basic Glen Creston mill, 
together with the Inconel shaft and clamping assembly, was fixed and the 
muffle: furnace could be moved up and down to surround the upper end of the 
shaft and clamping assembly. This movement was produced by a mechanical- 
pneumatic system comprising of bicycle pumps, a compressed gas source and 
a counterweight acting over a pulley.
In the design of a suitable milling pot it was decided to use tungsten 
carbide/cobalt alloys for the milling surfaces and balls. These materials 
combine high hardness with toughness. An alloy containing 10% cobalt was used. 
The main design problem for a high temperature milling pot was found to 
be that of sealing in the fine powders during milling. With pots designed to * 
operate at room temperature it is usual to use rubber or cork washers as 
seals. Obviously this is not possible at higher temperatures. Two pots of 
different design were made, both having liners and end caps made out of 
tungsten carbide/cobalt alloys. In one, both end caps were removable and 
screwed onto the main body of the mill, and in the other, only one end cap
was removable and was fitted to the main body by means of a taper 
arrangement. In the former case the main body of the mill was made from 
Inconel and the tungsten carbide/cobalt liner fitted into this. The end 
caps were made from high speed steel and contained tungsten carbide/cobalt 
end cap discs. In the latter case high speed steel was used throughout 
together with the tungsten carbide/cobalt end caps and liners. This design 
of pot did not require any form of sealing washers but wear on the taper 
did present a sealing problem finally.
After evaluation tests it was decided to use the first design with 
two removable end caps as this was easier to completely dismantle and 
therefore thoroughly clean out after a run. This design, however, did 
present the additional problem of a suitable material for sealing washers. 
Originally soft copper washers were used but were rather limited at the 
upper end of the temperature range. Thin Inconel washers were finally 
found to be the most effective. The milling pot used in the experiments is 
shown in Fig. 18.
Milling Procedures. ’
Milling was performed in an argon atmosphere at varying temperatures 
for one hour periods. The milling pot assembly and charge were held in the 
muffle furnace for half an hour before the commencement of milling. This 
ensured that the charge was at the required milling temperature. After 
milling,the whole pot assembly was quickly withdrawn from the furnace and 
allowed to air cool. It may be thought that simple air cooling resulted in 
some strain relief of the milled powders. Experiments on several different 
materials indicated that any such strain relief was negligible. '
An upper temperature limit of 800° C was placed on any milling
experiments. Above this temperature it was found that some distortion of
the clamping and milling pot assembly could occur. The actual milling pot
o
was extremely difficult to dismantle If temperatures in excess of 800 C 
had been used because of welding effects.
Materials.
A list of the materials used, together with their claimed purity 
and structure is given in table 11. The purities given for some of the 
materials can be very misleading. For example in a semiconductor, such as 
germanium, only impurities that effect the electrical conductivity are 
usually considered.The purity value quoted therefore ignores such things 
as oxide content. In the particular sample of germanium considered there 
was a considerable oxide content and this was removed by annealing in 
hydrogen.
X-ray Techniques.
All the materials, except zinc oxide, had at least one set of 
multiple order reflections sufficiently removed from neighbouring 
reflections to^use the Warren-Averbach Fourier method. The microstrain 
values ^ £ l ^ ,at L = 100 A were used to show the different trends.
The integral breadth method was used for zinc oxide.
The milled samples were also examined for any line shifts but no 
appreciable shifts were noticed in any of the powders.
The intensity data for all the materials except thoria and 
tungsten were recorded using a Philips X-ray generator and goniometer with 
Panax electronic counting equipment. Thoria and tungsten were examined on 
a Siemens diffractometer. Both diffractometers had the same goniometer 
radius and differed only in their form of mounting. One was a horizontal 
goniometer and the other vertical. Nickel filtered copper radiation was 
used on both diffractometers.
RESULTS.
1. IONIC MATERIALS.
The alkali-halide, lithium fluoride, and the oxides of magnesium,
zinc, aluminium and thorium were considered.
(a) Lithium Fluoride.
BDH lithium fluoride powder was used as the starting material and
an initial examination on the diffractometer revealed that a small amount
of microstrain was present. This microstrain was removed by annealing in 
o
argon at 500 C in a small laboratory furnace. The powder was found to
pick up moisture very easily. Furthermore, damp powder was found to mill
unsatisfactorily because it tended to pack down at the ends of the mill.
o
The annealed powder was therefore kept in an oven at 100 C and small
portions removed as required.
A charge of 0.5 gm was used each time and milling was performed in
an argon atmosphere at varying temperatures for one hour periods.
Lithium fluoride has a low linear absorption coefficient for X-rays.
A shallow specimen holder was therefore used so that the focusing conditions
on the diffractometer were still operative. The only sufficiently isolated
multiple orders for a Warren-Averbach analysis were the 200 and 400
reflexions. The instrumental corrections for the diffractometer were
obtained from a sample of the well annealed powder.
Milling at temperatures above room temperature resulted in a decrease
in the line broadening. This decrease was fairly gradual up to 200° C and
o
then became very sharp. At 400 C the X-ray diffraction lines showed a very
small amount of broadening. ‘
The variation in microstrain, and crystallite size, with temperature
is shown in Fig.19. The microstrain and crystallite sizes shown refer to
these quantities normal to planes of the {100} type, that is in <100>
o
type directions. The microstrain curve decreases gradually up to 200 C 
and then falls off sharply until at 400° C there is practically no 
microstrain. The crystallite size increases quickly with increasing milling 
temperature. Above 200° C the crystallite size was too large to give 
reliable results.
(b) Magnesium oxide
An initial examination on the diffractometer revealed that the as- 
received magnesium oxide was slightly strained and contained a small amount 
of magnesium carbonate. Magnesium carbonate is formed when magnesium oxide 
is left to stand in the atmosphere. The carbonate was removed by annealing 
at 1400° C in air when it decomposes to magnesium oxide. This treatment also 
removed the small amount of microstrain, and provided material for the 
diffractometer instrumental correction as well as for milling experiments. 
The powder was kept in an oven at 100° C to avoid any moisture problems 
during milling. A charge of 0.6 gm was used in the milling experiments.
The 200 and 400 reflections were the only sufficiently separated multiple 
orders for a Warren-Averbach analysis.
Initially the line broadening increased with increasing milling 
temperature. Above 300° C, however, the diffraction lines sharpened with 
increasing milling temperature. The microstrain and crystallite size curves 
would therefore be expected to show a maximum and minimum respectively.
These turning points are shown in Fig.20 and are very important in this 
study as they presumably indicate some transition in the deformation mode. 
There is a pronounced maximum in the microstrain curve at approximately 
250° C. The minimum in the crystallite size curve is rather less pronounced 
and occurs in the region of 200° C. The microstrain and crystallite size 
values were measured in the (100) directions, normal to the {100j planes.
The curves shown in Fig.20 are a result of two processes. The first 
is the actual effect of temperature on deformation and the second is an 
annealing effect that increases with temperature. It was considered that 
the annealing process could possibly alter the positions of the turning 
points along the temperature axis. One of the problems in subtracting the 
annealing effect from the measured temperature deformation characteristics 
is the fact that one doesn't know the instant in time, in relation to the 
total milling time, when the particle was struck by the ball. This means
that the length of time an individual particle has been annealing in 
unknown. In actual fact different particles may have been annealing 
for greatly differing times. A correction to a first order of 
approximation can be made if it is assumed that any particle has an 
equal probability of being hit during the milling cycle of one hour. 
Considering the system as a whole therefore, the milled powder has been 
annealing for half an hour on average.
The annealing characteristics were determined for the sample of 
magnesium oxide milled at room temperature. The sample, contained in 
an alumina boat, was annealed in a small laboratory furnace at 
temperatures up to 600° C and for periods of half an hour. The annealing 
curves are shown in- Fig.21. A gradual increase in crystallite size and 
decrease in microstrain with increasing temperature is evident. From the 
annealing curves it was possible to calculate the fractional decrease 
in microstrain and increase in crystallite size. Using these values the 
measured temperature deformation characteristics were corrected for the 
annealing effect and the result is shorn in Fig.22. The maximum in the 
microstrain curve nowr appears in the region of 400° C.
(c) Zinc oxide
Zinc oxide has the hexagonal wurtzite structure and gave a far more 
complex X-ray diffraction pattern than in the previous examples. There 
were no multiple orders that were sufficiently isolated to use the 
Warren-Averbach method. The integral breadth method was therefore iised 
on the 1011 - 2022 reflections. Milling experiments were performed up 
to 600° C. An increase in broadening up to 300° G was noticed. The areas 
under the broadened peaks were measured with the aid of a planimeter.
The Ka1 peak height was found by a Rachinger separation. The integral 
breadth of the Kai component was computed from the measured area and the 
peak height.
The annealing curves were determined for the samples of zinc oxide 
milled at room temperature. The annealing corrections were applied to the 
measured temperature deformation curves and the resulting curves are 
shown in Fig.23. The microstrain curve exhibits a maximum in the region of 
325° C. Although the integral breadth method will predict the same trends 
on the Warren-Averbach method, the actual magnitudes of the micro strain and 
crystallite size may be different.
(d) Alumina
The corundum structure may be described as a hexagonal close-packed 
array of oxygen atoms with metal atoms in twro-thirds of the octahedrally
co-ordinated interstices. The structure has trigonal symmetry and the 
X-ray diffraction pattern may be indexed on a trigonal or hexagonal system.
The X-ray diffraction pattern of the as-received alumina showed that 
a small amount of microstrain was present. The powder was also slightly 
damp. Annealing at 1600° C in a furnace removed this microstrain and any 
surface moisture. The resulting powder was kept in an oven at 100° C and 
the required amounts removed for the milling experiments and the determination 
of the instrumental corrections. A charge of 0.4 gm was used in the milling 
experiments.
The two sets of multiple orders with indices 012 - 024 and 113 - 226 
in the trigonal system or 1123 - 2246 and 0112 - 0224 in the hexagonal 
system were the only peaks isolated enough for a Warren-Averbach analysis.
The obverse setting of the hexagonal triple cell was used when indexing 
in the hexagonal system.
The line broadening increased with increasing milling temperature 
up to approximately 250° C. This was followed by a steady decrease at 
higher temperatures. The crystallite size and microstrain, as a function 
of temperature, are shown in Figs.24 and 25. The microstrain curves exhibit 
maxima in the region of 250° C and the crystallite size curves show minima 
at approximately 200° C. A greater amount of strain was induced normal to 
the [1123} type planes and this was associated with a larger crystallite 
size.
The annealing characteristics of the alumina milled for one hour at 
room temperature were determined for temperatures up to 600° C. The increase 
in crystallite size and decrease in microstrain with temperature is shown 
in Figs. 26 and 27. These results were used to correct the measured 
temperature deformation curves. The results of these corrections are shown 
in Figs. 28 and 29. The corrected micro strain curves exhibit maxima.
somewhere between 250 and 300 C and the crystallite size curves show
. . . o
minima at approximately 200 C.
(e) Thoria •
The as-received thoria powder was produced by a chemical deposition
o
technique and the particles were 400 to 800 A in diameter. The X-ray 
diffraction pattern of this material showed considerable line broadening 
mainly as a result of crystallite size effects. Annealing the thoria at
1600° C for two hours resulted in a diffraction pattern with well resolved
lines. Prior to this anneal, the powder was annealed at 1200° C, crushed 
and sieved, and this material subsequently annealed at the higher 
temperature. This procedure prevented the thoria from sintering to any
great extent. The annealed powder was used in the milling experiments 
and in the instrumental determination. A charge of 3 gm was used for each 
milling experiment. The two sets of multiple orders 200 - 400 and 
220 - 440 were sufficiently isolated to use the Warren-Averbach method.
The line broadening increased with temperature until approximately > 
400° C and then decreased. The measured crystallite size and microstrain 
curves are shown in Figs. 30 and 31. These curves were corrected for the 
annealing effect with the aid of the curves in Figs.32 and 33 which were 
determined in a series of annealing experiments. The corrected curves are 
shown in Figs. 34 and 35. The microstrain curves exhibit maxima at 
approximately 400° C. More microstrain is induced normal to {100} type 
planes, that is, in <100) directions. This is associated with a larger 
crystallite size. The smaller strain and crystallite size normal to the 
{110} planes suggests that cleavage on (110} planes occurs. Gilbert (68) 
has observed cleavage on {110} planes.
Some physical constants of the ionic materials considered are given 
in table 12. Table 13 summarises some aspects of the results obtained for 
the ionic materials.
'2. COVALENT MATERIALS
Two covalent materials were considered, namely silicon and germanium.
It was hoped to investigate materials such as gallium arsenide and indium 
antimonide. However these materials presented great difficulties as they 
give off appreciable amounts of arsenic and antimony at higher temperatures. 
The high surface area to volume ratio of fine powders would also enhance 
this effect. Annealing and milling experiments would have to be carried 
out in arsenic and antimony atmospheres. Facilities were not available 
to deal with these poisons on such a large scale. ’
(a) Silicon
An initial survey of the as-received silicon showed that the material 
was free of microstrain and crystallite size effects. This was not 
surprising as the silicon had been heat treated to remove certain impurities. 
The stated purity level of 99.98% refers only to those impurities that 
influence the electrical conductivity.. The 220 - 440 reflections were the 
only isolated multiple orders that could be used in a Warren-Averbach: 
analysis.
Milling experiments were carried out at temperatures up to 800° C.
The broadening of the diffraction lines increased until approximately 
700 0 C and then showed signs of decreasing. The uncorrected microstrain 
and crystallite size curves are shown in Fig.36. The microstrain and
crystallite sizes refer to these quantities normal to the (110} planes, 
that is, in <110) directions. The microstrain curve exhibited a maximum 
at 700° C and the crystallite size curve a minimum at approximately 400° C.
As mentioned previously in the section on ionic materials, the 
position of these turning points will be shifted as a result of annealing 
effects. As the turning points were of prime importance, the annealing 
curves for silicon were determined for the material milled one hour at 
room temperature .Annealing was carried out in a small laboratory furnace 
and in a hydrogen atmosphere. The annealing curves were used to correct 
the measured deformation characteristics. The uncorrected curves together 
with the annealing and corrected curves are shown in Figs.37 and 38. The 
corrected microstrain curve shows signs of turning after 700° C while the 
crystallite size curve shows a shallow minimum in the range 600° to 700° C. 
0)) Germanium
The germanium used in the milling experiments was claimed to have 
a purity of 99.999%. An initial survey on the diffractometer revealed a 
considerable amount of germanium oxide present. This was most likely 
present as a surface film on the germanium particles. The oxide was removed 
by annealing in a hydrogen atmosphere at 800° C. The resulting germanium 
showed well resolved diffraction lines and was free of microstrain or 
crystallite size effects. This material was used for the milling experiments
and for the diffractometer instrumental corrections. '
The two sets of multiple orders, 111 - 444 and 220 - 440 were suitable
for a Warren-Averbach analysis. Milling experiments were carried out up to
o
600' C. Above this temperature the germanium began to sinter and therefore 
the efficiency of the milling process was greatly reduced.
The maximum broadening in the diffraction lines was found to be at 
approximately 400° C. Figures 39 and 40 show the variation of crystallite 
size and microstrain with temperature. More microstrain was induced in 
<110) directions although both micro strain curves show a maximum at 400° C.
The annealing characteristics were determined and the results are 
shown in Figs. 41 and 42. A gradual release of microstrain occurs below 
400° C. Above 400° C there Is a much greater reduction in the micros train 
and this corresponds to a greater growth In the crystallite size. The 
annealing curves were used to correct the measured temperature deformation 
curves. The resultant corrected curves are shown in Figs. 43 and 44. The 
maxima in the microstrain curves are shifted to approximately 500° C.
3. THE TRANSITION METAL CARBIDES AND TUNGSTEN
The carbides of tantalum, hafnium and tungsten were considered.
Tantalum and hafnium carbide are structurally similar. The temperature 
deformation characteristics of tungsten were also determined.
(a) Tantalum Carbide
The as-received powder gave well resolved X-ray diffraction lines.
The fact that the lines were sharp and did not show any complex shape 
suggested that the impurity content was low. Impurities in the transition 
metal carbides, and in particular oxygen and nitrogen, give line profiles 
of complex shape (104).
A charge of 3 gm. was used and samples were milled at temperatures in 
the range, 20°to 800° C. A Warren-Averbach analysis was carried out on the 
200 - 400 peaks. There was a steady decrease in line broadening as the 
temperature was increased. The resultant increase in crystallite size and 
decrease in microstrain, as a function of increasing milling temperature, is 
shown in Fig. 45.
There is approximately a 25% decrease in microstrain when the milling
o
temperature is increased from room temperature to 800 C. Annealing the 
material milled at room temperature for half an hour at 800° C resulted in a 
similar decrease in microstrain.The tantalum carbide was annealed in presence 
of lampblack to prevent decarburization. Therefore, the fact that the 
measured temperature deformation characteristics of tantalum carbide showed 
decreasing microstrain, can be explained in terms of an annealing effect.
(b) Hafnium Carbide
The as-received powder gave reasonably resolved X-ray diffraction
lines free from any complexities. This evidence suggested that only a small
amount of microstrain was present and that the impurity content was low.
Well-annealed hafnium carbide was obtained by heating hafnium carbide/carbon
o
mixtures up to 2750 C and holding at this temperature for several hours.
The hafnium carbide/carbon mixtures were contained in graphite crucibles 
and a Spembly carbon furnace was used. The resultant annealed powder 
was used to determine the diffractometer instrumental corrections but it 
was not suitable for the milling experiments because of the presence of 
carbon.
The two sets of multiple orders, 200 - 400 and 220 - 440 were
sufficiently isolated to use the Warren-Averbach method. A charge of 4 gm
o
was used and samples were milled for one hour at temperatures up to 800 C.
The changes in the line profiles were small as the milling temperature 
increased. The crystallite size and microstrain curves are shown in
Figs. 46 and 47 respectively.
A greater amount of microstrain was induced in the <100) directions.
The smaller crystallite size and lower microstrain in the <110) directions 
suggest that cleavage occurred on {110} planes. The cleavage relieves the 
microstrain. There is an initial rise in microstrain, the effect being 
more marked in the <100) directions, followed by a general levelling off.
This trend is reflected in the crystallite size which shows an initial : 
reduction in crystallite size and then levels off.
Annealing experiments (to be described in a later chapter) showed 
that annealing effects in hafnium carbide were practically non-existent 
at temperatures below 1000° C. Therefore the measured temperature 
deformation curves are not likely to be altered much as a result of the 
annealing process.
(c) Tungsten carbide
cTungsten carbide has a simple hexagonal structure with /a *> 1.
The as-received powder contained a small amount of microstrain and this 
was removed by annealing at 1600° C. Decarburization was prevented by 
mixing the tungsten carbide with carbon and annealing in an argon 
atmosphere. This annealed powder was used to determine the diffractometer 
instrumental corrections. The as-received powder was used for the milling 
experiments. The amount of microstrain initially in the powder was negligible, 
compared with that introduced by milling. '
A charge of 6 gm. was used and milling was carried out at temperatures 
up to 800° C. The lolo and 3030 peaks were analysed by the Warren-Averbach. 
method.
A gradual decrease in microstrain and a corresponding increase in 
crystallite size was found with; increasing milling temperature. These results 
are shown in Fig.48. The microstrain and crystallite sizes are those 
quantities measured normal to the ilOlO] planes, that is, in <1010) directions. 
The decrease in microstrain could not be completely accounted for in terms 
of an annealing effect. The annealing curves are given in a later chapter.
It would appear, therefore, that the microstrain decrease with, increasing 
temperature is a real effect and not a result of annealing. '
(d) Tungsten
Tungsten has a body centred cubic structure and is a refractory metal.
The as-received material was free of strain. A charge of 9 gm. was used in 
the milling experiments. The 110 and 220 peaks were sufficiently isolated 
for a Warren-Averbach analysis. '
The results of milling up to 800°C are shown in Fig.49. The
microstrain in the <110) direction decreases steadily with temperature.
The increase in crystallite size in the <110) direction is more pronounced 
above 400° C.
An annealing experiment • with the tungsten milled at room temperature 
showed that 20% of the microstrain was released at 800°C. The tungsten was 
annealed in a high-purity argon atmosphere. The annealing effect was .less 
than the observed reduction in microstrain on milling and therefore an 
actual decrease in microstrain with increasing milling temperature does occur.
ESTIMATION OF ERRORS. '
The microstrain and crystallite size values are subject to an error
of approximately 5%. The error in the temperature is rather more uncertain.
The position of the uncorrected microstrain maximum is correct to within
25° C in most cases . The annealing correction is rather more uncertain and
it would be unrealistic to assume that Tt is correct to anything less than
50° C. The error in the ratios T^/T are shown in table 16. 'r  m
DISCUSSION. '
Before the results are considered in detail, it is necessary to 
reiterate the meaning of microstrain and crystallite size as they are 
measured by X-ray line broadening techniques . The microstrain term is a 
result of the strain fields surrounding dislocations and the crystallite 
size term is the linear dimension of the coherently diffracting domains.
These domains may be bounded by free surfaces, grain boundaries, low-angle. 
grain boundaries and dislocation networks. If a deformed powder shows a 
large microstrain it indicates that the particles have a high dislocation 
density. These dislocation considerations mean that micro-plasticity and 
not necessarily macro-plasticity is being considered. Macro-plasticity is 
associated with bulk plastic flow. Von Mises (41) showed that macro-plasticity, 
in the form of a general homogeneous strain produced by slip, requires five 
independent slip systems. Micro-plasticity is not restricted by the Von Mises 
criterion and will therefore occur more readily . The X-ray line broadening 
technique is concerned with deformation on an atomic scale and this 
deformation will not necessarily be acconpanied by bulk plastic flow. The 
method is not likely to give results that can be related to a brittle-ductile 
transition in the noimally accepted sense, that is, by the onset of bulk 
plastic flow. ' ■
In the ball milling process, dislocations are introduced into the ’ 
surface of the particles and move Into the interior of the particles under 
the action of the applied stress .Micro-plasticity occurs in the region of
impact between the particle and the ball. As a result of the high surface 
area to volume ratio of the particles it is possible to introduce large 
numbers of dislocations. Stokes and Li (38) showed that fresh dislocations 
could be easily injected into surfaces and so promote slip, whereas 
grown-in dislocations were usually immobile as a result of pinning by 
impurities or possessing the wrong slip vector. The high surface area to 
volume ratio of the particles also results in dislocations being able to 
move out of the material in fairly large numbers. Therefore, during the 
ball milling process we have a dynamic system in which dislocations are 
being introduced into the material and some are moving out to the surface.
If a material exhibits greater plasticity throughout its bulk, as a 
result of some change in the physical conditions, the dislocations will be 
more mobile and hence greater numbers will slip out of the small crystallites 
leaving a lower dislocation density. The microstrain therefore decreases 
with increasing plasticity because fewer dislocations are left in the bulk 
of the material.
The materials considered, including the so called brittle materials, 
were all deformed by ball milling at room temperature. This plasticity can 
be explained in part by the high surface area to volume ratio of the 
particles. The small particle size of the materials considered favours 
plasticity. The particle size was generally of the order of one micron. 
Brittle materials fracture as a result of cracks running rapidly through 
the solid. Cracks are nucleated as a result of localized plastic flow.
A crack cannot run through a solid unless the rate of release of elastic 
strain energy, with growth of the crack, is at least equal to the work 
done in producing new areas of crack surface. This is the Griffith crack 
criterion (106). The small particles must be associated with even smaller 
cracks and the specific surface areas of both particle and crack will be 
high. The energy required to produce new areas of crack surface will 
therefore be correspondingly greater. The crack will be unable to propagate 
and plastic deformation will occur. Therefore a high surface area to volume 
ratio favours plasticity because surface cracks are unable to propagate 
and large numbers of dislocations can be injected into the surface and 
promote slip.
All the ionic materials, except lithium fluoride, exhibited turning 
points in their microstrain/crystallite size versus milling temperature 
curves. The maximum in the microstrain curve can be explained as follows. 
During the ball milling process dislocations are injected into the surfaces 
of the particles. As the temperature increases other dislocations will be
introduced as a result of thermal activation processes. If the 
dislocations are not fully mobile there will be a net increase in the 
number of dislocations within particles. This increasing dislocation 
density with temperature will be reflected in an increasing microstrain.
The thermal energy as well as activating new dislocations also helps 
the immobile dislocations to surmount the potential barriers restricting 
them. Therefore as the temperature increases the dislocations become more 
mobile and increasing numbers slip out of the crystallites resulting in 
a lower microstrain. At temperatures below the turning point there is an 
increase in the number of dislocations as the temperature increases.After 
the turning point the dislocations are much more mobile and despite the 
fact that larger numbers of new dislocations are being thermally activated 
there is a net decrease in dislocation density. We may therefore take the 
microstrain maximum as a dividing line between two essentially different 
modes of'deformation. Below the turning point the material is behaving in 
a more brittle manner as the dislocations are less mobile, although limited 
plastic deformation occurs when the ball hits the particle. Above this 
point the dislocations are more mobile and hence the material exhibits 
greater plasticity. The applied milling stress is sufficient to move large 
numbers of the mobile dislocations out of the particles as well as 
introducing fresh dislocation. The change from one mode to the other is a 
gradual and continuous process.
Table 14 shows the temperature, in degrees Kelvin, at which the 
maximum microstrain occurred in the ionic oxides. This temperature, T.^ 
is also expressed as a function of the melting temperature Generally . 
speaking the maximum microstrain occurs at higher temperatures for materials 
with higher melting points although the ratio Tt/Tm is not the same for all 
the materials. The temperature Tt or the ratio Tt/Tm is not related to the 
lattice energies given in table 12 .
The covalent materials, silicon and germanium, behaved in a similar 
manner to the ionics. The turning points, as a fraction of their melting 
temperatures, were higher. From the microstrain curves the ratio Tj-/Tm 
is 0.65 for germanium and 0.60 for silicon. Germanium and silicon therefore 
exhibit micro-plasticity at temperatures above approximately half the 
melting point temperature. Bulk plastic deformation studies have shown 
similar results, germanium and silicon both being able to sustain plastic 
deformation at temperatures above half the melting point.
This similarity in behaviour is not surprising when it is remembered
that covalent and ionic bonds are extreme examples of the same type 
of bond. Resonance theory emphasizes that there is no absolute distinction 
between ionic and covalent bonding and that a continuous transition from 
one to the other is possible (107). The percentage ionic character of a 
bond is determined by the difference between the electro-negativities of 
the atoms concerned. Several alternative formulae have been proposed to 
express the relationship quantitatively. The approach used by Pauling will 
be used here (107). Pauling ascribes to each atom a number X, as a measure 
of its electro-negativity. Then if two atoms A and B are bonded together, 
the resonance energy arising from the ionic component of the binding is 
proportional to ( X^ - Xg) 2 and the percentage ionic character of the 
bond,(p), is given by the empirical relation.
p =  16|Xa - X b | *3.5|Xa - Xb |*
The bonding in the ionic materials considered previously is 
therefore not completely ionic and may have an appreciable covalent 
character. Silicon and germanium are completely covalent. Table 15 shows 
the nature of the bonding and it can be seen that all the oxides have a 
large covalent component.
In table 16, the ratio T^/T is shown together with the electro­
negativity difference of the bond and the percentage covalent character 
of the bond. It can be seen that a decreasing electro-negativity 
difference results in a higher T^/T ratio. This means that as the 
covalent character of the bond increases, the ratio Tf./T increases. These 
results are shown in figs. 50 and 51 for the oxides and figs. 52 and S3 
for the oxides, silicon and germanium. There is a linear relationship 
between T^/T and the electro-negativity difference, or the percentage 
covalent character of the bond, for the oxides. Figs 52 and 53 show that 
there is a departure from linearity at lower electro-negativities or 
larger covalent contents.
It will be remembered that lithium fluoride showed no turning points 
when milled at temperatures above room temperature. On the basis of these 
curves it is possible to predict theoretically where a turning point 
should occur. The electro-negativity difference of the Li-F bond is 3.13 
and the melting point of lithium fluoride is 1143° K. Fig. 52 predicts 
a value o f a p p r o x i m a t e l y  0. 1. The turning temperature T^ is 
therefore 114° K or -159° C. H.M. Zaki (72) performed low temperature 
milling experiments on some alkali-halides and found that there was an 
increase in microstrain in going from liquid nitrogen to dry-ice
temperatures. This suggests that the microstrain exhibited a maximum
o o
somewhere between - 196 C and -40 C and lends support to the . 
theoretical prediction for lithium fluoride.
As the covalent or directional character of the bond increases’ 
the transition temperature> expressed as a fraction of the melting 
temperature, for the transformation from brittle to plastic behaviour 
also increases. This can be explained as follows. Dislocations move 
through materials with covalent or directional bonding by the breaking of 
individual chemical bonds (93). Therefore, dislocations in materials with 
a large covalent character will experience considerable resistance to 
motion; the larger the covalent character , the greater the resistance.
The strength of this directional bond will also govern the dislocation 
motion. Thermal energy will assist the applied stress in overcoming this 
resistance. The extent of the thermal vibrations will depend upon the 
temperature considered, relative to the melting temperature. More thermal 
energy will be required, for the same stress, in materials with a 
larger and stronger covalent component.
The motion of dislocations at higher temperature is also helped as 
a result of the covalent and ionic components weakening as the temperature 
increases . The net result of these processes is that , as the covalent 
character increases, the temperature at which large numbers of 
dislocations become mobile, also increases. '
The behaviour of the transition metal carbides was rather less 
predictable. Tungsten carbide showed a decreasing microstrain and 
therefore increased micro-plasticity as the ball-milling temperature was 
increased. The deformation characteristics of tantalum carbide were 
hardly affected by temperature although hafnium carbide showed an increasing 
microstrain.
The bonding in these materials is much more complicated than in the 
ionic-covalent case (108 , 109). The three types of bond, ionic, 
covalent and metallic are present to varying extents. Lye (110) has 
shown that the bonding in titanium carbide has ionic, covalent and 
metallic contributions. The interstitial carbon atoms form directional 
bonds with neighbouring metal atoms. The need to break these bonds 
during plastic deformation accounts for the lack of ductility in these ' 
materials.
Of the transition metal carbides considered, only tungsten carbide 
behaves in a similar way to a metal. This can be explained by the fact
that the bonding in tungsten carbide is mainly metallic. The electrical
conductivity of tungsten carbide is 40% that of tungsten.
The microstrain in tungsten decreased with increasing ball-milling
temperature. Bulk plastic deformation studies on tungsten and other b.c.c.
metals have shown that a brittle-ductile transition occurs CHI). In
o
tungsten, the transition temperature is approximately 200 C. The 
micro-plastic behaviour showed no such sudden changes around this 
temperature. ■ .
Studies on the f.c.c. metals in the temperature range -200 C to
o
200 C have shown that increasing the milling temperature results in a 
lower microstrain (72). The behaviour of tungsten is therefore typical 
of metals generally.-
Although the metals do not fit into the resonance bond theory, it 
is interesting to note that Fig 53 predicts the fact that materials with 
no directional or covalent bonding will not exhibit turning points. This 
is in complete agreement with the experimental facts for metals.
CONCLUSIONS.
1. Microstrain was induced in all the materials at room temperature.
2. The materials studied did not exhibit any large or sudden change
in their deformation characteristics with increasing temperature.
An equivalent of the sharp brittle-ductile transition observed 
in bulk plastic flow studies was not found.
3. The form of the microstrain or crystallite size versus milling
temperature curve was found to depend upon the nature of the 
bonding in the material. In metals, an increase in the ball- 
milling temperature resulted in a decreasing microstrain.
Materials that were completely covalent showed an increasing 
microstrain up to approximately half the melting temperature. ’
This was followed by a decreasing microstrain. The microstrain 
curve therefore exhibited a maximum. Ionic materials and the 
transition metal carbides showed an intermediate behaviour between 
the two extremes as a result of their mixed bonding. The ionic 
materials showed microstrain maxima at lower temperatures than in 
covalent materials. The behaviour of the transition metal carbides 
was difficult to explain on account of their complicated mixture 
of metallic, ionic and covalent bonding.
4. The microstrain maxima can be considered as the boundary between
two different modes of deformation. In the region of increasing
microstrain the material is essentially brittle. The material 
behaves plastically in the region of decreasing microstrain.
In the oxides, silicon and germanium, the temperature of the 
microstrain maximum, expressed as a fraction of the melting 
temperature, was found to depend upon the percentage covalent 
character of the bond. The ratio T^/T was found to increase 
with increasing covalent character.
It would appear that brittleness in a material is a direct result 
of a covalent component of the bonding. '
At higher temperatures all materials behaved as metals. ’
Table 11.
Material
LiF
MgO
ZnO
Diamond cubic 
Diamond cubic 
Rock-salt
Rock-salt
Simple hexagonal
Body centered 
cubic
Supplier
British Drug Houses
British Drug Houses
British Drug Houses
British Drug Houses
Thorium Ltd.
Halewood Chemicals Ltd.
Halewood Chemicals Ltd.
London and Scandinavian 
Metallurgical Co. Ltd.
Materials Research Corporation
Mur ex
British Drug Houses
A survey of the materials used.
Structure 
Rock-salt 
Rock-salt 
Wurtzite 
Corundum 
Fluoritet m 2
Si
Ge
TaC
HfC
WC
W
% Purity
98
99.94
99.5
99.98
99
99.98 
99.999 
99
99
99 . 
98
Table 12. Some physical constants of the ionic materials.
Material Melting Point, Lattice Energy Hardness, Density
°C k.cal./mole. Moh’s scale. gm./cm^.
LiF 870 244 - 2.6
MgO 2800 942 5.8 3.6
ZnO 1975 985 5.6 5.6 '
A1203 2015 3707 9.0 3.9
Th02 3050 2485 6.5 10.0
Table 13. The temperature and magnitude of the microstrain maximum. 
Material Maximum Point,°C Magnitude of Maximum
LiF
MgO 400 3.08. 10~3
ZnO , 300 4.25. 10-3 (1)
A1,0, 275 2.90. 10"3 C2)2 3 . 
*2Th0o 400 2.38. 10“3 (2)
(1) Microstrain calculated by the integral breadth method.
(2) Mean microstrain calculated from two sets of multiple orders,
Table 14. The microstrain turning points for the oxides
Material T °K T °K T /Tt m t m
Th02 673 3323 0.20
MgO 673 3073 0.22
A1203 548 2288 0.24
ZnO 598 2248 0.26
T^ is the temperature of the maximum microstrain.
T is the melting temperature of the material.
Table 15. The nature of the chemical bond.
Material Electronegativity % Ionic % Covalent
Difference Character Character
Th02 2.39 58.2 41.8
MgO 2.27 54.4' 45.6'
A1203 2.03 46.9 53.1
ZnO 1.84 41.3 58.7
Si 0 0 100
Ge 0 0 100
The electronegativity values are taken from " Advanced Inorganic Chemistry,
F.A.Cotton and G.Wilkinson, Interscience Publishers. '
Table 16. The ratio T./T as a function of the nature of thet m
chemical bond.
Material
ThOo
MgO
ZnO
Si
Ge
Electronegativity
Difference
2.39
2.27
2.03
1.84
0
0
% Covalent 
Character
41.8
4 5 . 6  
53.1
58.7 
100 
100
T./T t m
0.20 ± 0.02 
0.22 ±0.02 
0.24 ±0.02 
0.26 ± 0.02 
0.60 ±0.03 
0.65 ± 0.05
Fig. 17. The high temperature ball mill.
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Fig.31. The deformation-temperature curves for Thf^.
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Fig.36. The deformation-temperature curves for Si.
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Fig.39. The deformation-temperature curves for Ge.
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Fig.46. The deformation-temperature curves for HfC.
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CHAPTER 3.
PLASTIC DEFORMATION IN TUNGSTEN CARBIDE.
INTRODUCTION.
Tungsten monocarbide (subsequently to be simply called tungsten 
carbide) is a brittle material, with a hardness on the Mohs scale o£
+ 9. It crystallizes with a simple hexagonal structure (a = 2.900, 
c = 2.831 X). The carbon atoms occupy interstitial sites. Unlike 
the cubic transition metal carbides in groups 4 and 5 of the periodic 
table, tungsten carbide is usually stoichiometric.
Tungsten carbide is the most important constituent of modem 
cemented hard metals. These are produced by sintering hard carbides 
with a relatively soft binder, such as cobalt.
In this chapter, the deformation of tungsten carbide has been 
studied and an attempt has been made to relate the results to the wear 
mechanism. Studies were carried out on the mechanical deformation of 
tungsten carbide powders, sintered blocks and single crystals, using 
X-ray diffraction line broadening analysis. Some WC - Co alloys were 
also studied.
Part of the literature for this chapter has been reviewed in 
chapter 2. These references relate to the occurance of plastic 
deformation in single crystals and powders.
The role of plastic deformation in the wear processes of tungsten 
carbide has been largely ignored. Most of the work on tungsten carbide - 
cobalt tool tips has concentrated on the type of wear known as cratering. 
Trent (112) has demonstrated that temperatures up to 1300° C may be 
generated in a machining process. These temperatures promote cratering 
due to the foimation of a fused alloy between the chip and the tool. 
Crumbling of the cutting edge may also occur because the cobalt is worn 
out first and the carbide skeleton loses part of its support. Recently, 
Pons (113) observed wavy slip lines in his study of wear during the 
friction of tungsten carbide with rocks. Trent (114) observed similar 
markings during machining tests on ’Inconel’ steel.
A review paper by Gurland (115) discusses in detail the 
morphological characterization of WC - Co alloys. At Co contents greater 
than approximately 10 - 15% there is not sufficient contact between WC 
particles to produce a continuous carbide skeleton. At these higher 
Co concentrations WC - Co alloys can be considered as having a 
continuous Co matrix although the separation between WC particles is
small and there may be some particle-to-particle contact.
1. EXPERIMENTS ON BALL MILLED TUNGSTEN CARBIDE POWDERS.
EXPERIMENTAL DETAILS.
Prolite ’grade A' tungsten carbide powder was used for the 
ball-milling experiments. The as-received powder was practically 
strain free and had a particle size of approximately one micron.
Dry ball-milling of tungsten carbide powders at room 
temperature was carried out in a tungsten carbide pot, using a Glen 
Creston M280 mixer mill. The cobalt-bonded tungsten carbide vessel 
measured 2 in. diam. x 2 in. height. Two | in. diam. tungsten carbide 
balls were employed and milling times of |, 1, 2, 4, 8 and 16h were 
selected. A charge of lOgm. of powder was used each time.
Annealing experiments were carried out on ball-milled powders.
One sample was annealed for a fixed period of time at temperatures up to 
1600° C and another was annealed at 1400° C for varying times. The 
annealing was carried out under argon and in the presence of lampblack 
to prevent decarburization and the formation of lower carbides. At 
temperatures up to 1400° C a furnace with silicon carbide rods was used. 
Above this temperature, a furnace with molybdenum windings was used.
The broadened peak profiles were scanned on a Philips 
diffractometer. Coper Ka radiation, at 36KV and 20mA, was used. 
Annealed tungsten carbide powder was used to correct for the instrumental 
effects.
RESULTS AND DISCUSSION.
The results of a Warren-Averbach analysis on the 1010 and 3030 
peaks of tungsten carbide ball milled for varying times up to 16h are 
shown in fig. 54. Initially there is a sharp increase in microstrain 
coupled with a similar decrease in the crystallite size. At approximately 
8h, strain saturation is reached and the microstrain and crystallite 
size curves level off.
Fig. 55 shows the variation of ( B*)2 with (d*)2 for six 
different orders of hkl and for 1, 2 and 4h milling times. These six 
orders were sufficiently isolated for a Fourier analysis. The integral 
breadths, corrected for instrumental broadening, were obtained from 
the Fourier coefficients. The scatter of the points is a result of 
irregular shaped crystallites, faulting and the variation of bond 
strength with direction. The diffraction lines with h-k = 3N £ 1 
are generally broader than the remainder. In particular, the increase
in broadening of the 1010 and 2021 lines with greater milling 
time is very marked.
A similar effect is observed in close packed hexagonal metals. 
Warren (116) has shown that stacking faults involving mistakes on 
the close packed basal planes are responsible for the extra broadening.
A similar argument can be applied to tungsten carbide. Stacking faults 
on the basal planes give a crystallite size term that is only present 
for those lines with h-k = 3N ± i? l^o. The unaltered lines 
correspond to reflecting planes that have structure factors unaltered 
by the fault displacements. Growth stacking faults and deformation 
stacking faults can occur. It is possible to determine the 
probability of both of the types of stacking fault occurring, but 
lines with h-k = 3N t  1, 1 even and odd, are required to separate 
the two effects.
The deformation stacking fault is produced by a single slip 
process. In fig 56, it is illustrated how slip on the basal plane 
can produce a stacking fault. The normal stacking sequence can be 
written Aa Aa Aa ... The unit slip dislocation, with Burgers
vector a (1120] , can dissociate into two partial dislocations
bounding a narrow ribbon of stacking fault, according to the following 
reaction.
aClX20] -s- a//3 [OllO] + a/-/3 [lOlo] .
As the energy of a dislocation is approximately proportional 
to the square of the Burgers vectors modulus, this dissociation is 
energetically favourable. The resulting stacking sequence is 
Aa Ab Bb B .... This is equivalent to a deformation stacking
fault in close packed hexagonal metals. The greater broadening of the 
1011 and 2021 lines can therefore be explained in terms of deformation 
stacking faults. As there were no well separated lines with 
h-k = 3N - 1 , and 1 even, it was not possible to separate the
growth fault terms, and so determine the deformation stacking fault 
probability.
Previous experiments to determine the slip systems of tungsten 
carbide have found evidence of prismatic slip only (102). The 
experiments were performed at room temperature and it was suggested 
that basal slip may occur at higher temperatures. Fairly high 
temperatures may be induced in the milling process.
Annealing experiments were carried out on samples of ball-
milled powders. Fig. 57 shows the results of annealing samples of
the same powder for two hour periods at temperatures up to 1600° C.
An excess of lamp black was required to prevent decarburization and the
formation of the lower carbide W C. Up to approximately 1000° C
2
there is only a small amount of strain relief coupled with a small 
amount of crystallite growth. In the region 1200 - 1600° C the 
microstrain drops shaiply and the crystallites grow rapidly. The 
crystallite size at 1600° C was too large to measure.
Another sample of milled tungsten carbide powder was annealed 
for varying times up to 4 hrs .at 1400° G. Fig. 58 shows the results 
of these experiments. Most of the annealing occurs in the first hour 
but there is still- a small change in going from 1 to 4hr.
The results for both annealing curves were obtained by a
Warren-Averbach analysis on the 1010 and 3030 peaks.
2. STUDIES ON WORN SURFACES.
The line broadening studies were extended to solid specimens 
of tungsten carbide. Pure sintered polycrystalline tungsten carbide 
discs and single crystals were studied. A series of WC - Co alloys 
were investigated to study the effect of different amounts of cobalt 
on the deformation of the alloys. The distribution of microstrains 
below a worked surface was also considered.
EXPERIMENTAL DETAILS.
Pure sintered tungsten carbide discs, 1 in. diam. X*25 in. 
thick, were supplied by Prolite Ltd. The grain size was 
approximately one micron. A series of WC - Co alloys were supplied 
by Metro - Cutanit Ltd. These alloys had 31, 91 and 201 cobalt
respectively and were supplied in the form of discs of the same 
dimensions as in the case of the pure sintered material. The 3% Co 
alloy had a grain size of approximately 1 micron, the 9% Co alloy,
2 microns, and 20% Co alloy, 4 microns. All the grades had a nominal 
purity of 99.5%. .
Single crystals of tungsten carbide were grown by means of the 
technique of precipitation from an auxiliary metal bath. Tungsten 
carbide - cobalt mixtures containing approximately 40 - 50% tungsten 
carbide by weight were heated up to 1800° C in alumina crucibles and 
in an argon atmosphere. The tungsten carbide dissolves in the cobalt 
at this temperature. The mixture was held at this temperature for
several hours and then slowly cooled to 1500° C at a rate of 
approximately 1° C per minute. It was held at this temperature 
for an additional 12 h and the alloy was then furnace cooled. The 
resulting regulus consisted of interlocking, geometrically shaped 
crystals embedded in a cobalt matrix with the majority of the 
crystals being found on the surface which was in contact with the 
bottom of the crucible. After dissolution of the cobalt matrix in 
boiling HC1, equilateral triangular - shaped platelets were found.
These were identified as tungsten carbide crystals by taking X-ray 
rotation photographs and diffractometer traces. The c - axis was 
found to be perpendicular to the platelet.
Microstrains were induced in the carbide discs by grinding on 
a surface grinder, with a diamond impregnated wheel. The three WC - 
Co alloy discs were given, as far as was experimentally possible, 
identical mechanical treatments. Four cuts of 0.001 inches, four 
of 0.0003 inches, and six of 0.0001 inches were made using a steel - 
diamond grindstone 7 inches in diameter and spinning at 2880 
revolutions per minute. To avoid any spurious diffraction effects 
from a severely roughened surface, all the discs were finely polished 
with diamond paste. A 15 micron diamond paste was used in 
conjunction with a rotating brass disc. A brass disc was found to be 
preferable to a polishing cloth which tended to wear badly after 
several hours polishing. Polishing was carried out until all the 
grinding marks had been removed and the whole operation, grinding plus 
polishing took about 50 hours.
The single crystals were too brittle to surface grind as they 
tended to shatter. Deformation was induced on the basal plane by 
polishing with the 15 micron diamond paste.
The distribution of microstrains below the worked surfaces in 
the sintered carbide discs was studied by etching layers off the 
samples, and analysing the broadened peaks at each stage. Electrolytic 
and chemical methods of etching were used and found to be comparable.
The electrolyte used was a solution of sodium hydroxide (10%) and 
potassium ferricyanide (10%) in water. The operating voltage was 2V.
The chemical etch was a saturated solution of potassium ferricyanide 
(305 gm/litre) containing 44.5 gm/litre of sodium hydroxide.
With the WC - Co alloys, the above treatment was found to 
produce cobalt rich surfaces. This excess cobalt was removed by a
light rubbing with MBrassoM followed by immersion in boiling 
hydrochloric acid for a few minutes.
The unworked surfaces were covered with lacquer to avoid the 
electrolytic or chemical action. The actual amount of material etched 
off was calculated from weight loss measurements. This, of course, 
only gives an approximate value of the thickness removed, since the 
material will not have been removed completely uniformily from the 
surface.
For the pure tungsten carbide specimens Ni filtered CuKa 
radiation was used. The WC - Co alloys were investigated with Fe 
filtered CoKa radiation.
X-rays incident upon a flat specimen may be regarded as being 
reflected from an effective thickness, as a result of absorption.
The effective thickness of a polycrystalline specimen reflecting X-rays 
incident on a flat surface is given by t (0 ) = 1/(2 y cosec 0 ) ,
where y is the linear absorption coefficient, and 0 the glancing angle 
(117). Measurements of line broadening for different hkl values must 
therefore refer to different values of the effective thickness t( 0 ).
If, for different effective thickness, the deformation is not constant, 
different order reflections will be broadened by varying amounts as a 
result of different average deformations. Thus, methods of line 
broadening analysis which separate microstrain and crystallite size 
terms using multiple orders of reflection, cannot be used to 
investigate the distribution of deformation below a worked surface 
unless the depth of penetration of the X-rays is greater than the 
deformation distribution. Low order peaks are a result of diffraction 
in the highly deformed surface layers, whereas high order peaks include 
diffracted X-rays from the less deformed regions some way from the surface. 
The variance method allows the microstrain and crystallite size to be 
separated by an analysis of one peak and was therefore used in this study.
RESULTS AND DISCUSSION.
(a) Pure sintered tungsten carbide discs.
The as-received sintered block was found to be practically free 
of microstrain. The grinding and polishing procedure produced a variable 
strain distribution extending to several microns below the surface. The 
microstrain normal to the fl01l| planes, obtained by a variance 
analysis, was plotted against a depth x, measured from the original 
surface (fig. 59) . The depth x is given by the sum of the amount of
material removed and the average value of the effective thickness 
t (e). The exponential curve e (x) = 0.006 exp ( - 0.5x )
was found to be a good fit to the experimental points.
The microstrain values were calculated directly from the 
intercepts of the variance range functions. The intercepts of all 
the broadened peaks were greater than the instrumental intercept and 
this suggested that the taper parameter term in the intercept was zero.
The extent and distribution of the deformed layers is in good 
agreement with metallographic observations. Hardness measurements using 
different loads so that the diamond indenter penetrates to different 
depths, have been carried out by Miyoshi, Hara and Sugimoto (118). 
Plotting hardness against half the depth of the indentation gives a 
similarly shaped curve to that of the distribution of microstrains. 
Mechanical deformation causes work hardening of the tungsten carbide 
near the surface. As in metals, work hardening and microstrains are 
associated.
It is possible to obtain the actual microstrain distribution by an 
analysis of multiple orders of reflection. Consider microstrains 
normal to a particular set of £hkl] planes.. The distribution of 
microstrains with depth (x) below a specimen surface can be 
represented by a function e ( x ). The microstrain obtained from a 
one peak variance analysis is the value obtained when e (x) , modified 
by an absorption correction, is averaged from zero to infinity. Let
e, ....  en be the average microstrain values obtained from hkl,.....
nhnknl reflections and 0, “ On respective glancing angles.
( n is usually 4 3 for polcrystalline specimens). The average 
microstrain will be given by the expressions of the type:-
£ - 
1
co co
J  e (x) exp (-M x) dx / J  exp (-M x) dx “(1)
0 * 0 *
00 w 
e = J  £ (x) exp (-Mnx) dx / J  exp (-Mnx) dx -(2)
n o n o
where M = 2 u cosec Q etc. and exp (-M x) etc. is the 
l 1 l
absorption correction.
If e (x) is a known type of function these equations can be 
solved. The above experimental evidence suggested that e (x) had 
an exponential form. If the average microstrain is known for two 
or more orders and it assumed that e (x) = A exp (-ax) , the 
above integrations can be carried out for each hkl reflection, and 
the equations solved to give A and a.
Assuming that e and en have been measured, equations (1) 
and (2) reduce to
oo
e = M f  A exp [-(a + M )x]dx -(3)
1 1 'J 1
00
:n = Mn /  A exp [ - (a + Mn ) x ] Jx -(4)
Therefore
e = M A / (a + M ) -(5)
l 1 1
and e = M A / (a + M ) -(6)n • ' n n '
e , en ; M and Mn are known, therefore equations (5) and
(6) can be solved for A and a to give the results
a = M M  (e - e) /(V M - e M ) -(7)
i n i n _. n x l n
A = £ £ (M - M ) /(e M. - £ M ) -(8)i n  ^x n'  ^n I i n ■ ■ J
This theory was applied to the block considered in fig. 59. The
distribution was obtained by analysing the 1010 and 3030 peaks of the
as ground block. A variance analysis gave the following average
microstrains. _l
micron
hkl 0° £ Mikl
1010 17.84 0.005 2.17
3030 66.65 0.003 0.72
The calculated distribution of microstrains normal to flOlO} 
type planes was found to be given by £ (x) = 0.0073 exp (~x).
In this distribution any appreciable microstrain is restricted to a 
depth of approximately four microns. There is good agreement with the 
results obtained from etching experiments.
The method is valid for any material in which, with a 
suitable X-radiation, measurable non-random variations of microstrain 
occur over the region of the specimen that the X-rays penetrate.
(b) Single crystals.
The triangular platelet shaped crystals of tungsten carbide were 
found to cleave readily on the {0001\ planes. Subjecting the single 
crystals to the polishing action used on the sintered blocks, resulted 
in the surface layers being broken up into small crystallites with 
similar orientations. Microstrains were also induced. The reduced 
broadening of higher order lines due to the distribution of micros trains 
with depth was again observed. The effect is clearly shown in fig. 60 
where (3 * )2 is-plotted against (d*)2 for the first, second and 
third order basal reflections. The results suggest a fairly narrow 
deformed surface region. The relatively high broadening of the 0001 
reflection is a result of diffraction from the highly deformed layers 
near the surface. The straight line shown in fig. 60 is the line that 
the three points would be on if there were an average microstrain of 
0.001 throughout the crystal.
(c) Tungsten carbide - cobalt alloys.
The three grades of WC - Co alloys containing 3, 9 and 20% Co 
respectively were given the same mechanical treatment. The aim of the 
study was to see if the magnitude and extent of the deformed layers was 
related to the cobalt content. All the as received blocks contained 
some microstrain and additional microstrain was induced by the grinding 
and polishing procedure.
Micro-hardness tests were carried out on the ground and polished
surfaces using an "Akashi" micro-hardness tester. A Vicker's
o
machine was also used. Both of these had 136 diamond indentors, and 
graphs of hardness versus half the depth of the indentation were 
plotted (fig 61). The results of the hardness measurements are shown 
in table 17. As is to be expected the hardness of the tungsten carbide- 
cobalt blocks decreases with increasing cobalt content. Each sample 
would appear to have a hardened surface layer extending over the first 
few microns. There are considerable inaccuracies in any hardness testing 
and therefore it is not realistic to compare the shape of the curve in 
each specimen.
The distribution of microstrains below the worked surfaces of the 
three samples was found by etching layers off the sample and analysing
the broadened peaks at each stage using the variance method. The 
results are shown in fig. 62 and table 18. The microstrain is plotted 
against a depth x given by the sum of the amount of material removed 
and the average value of the effective thickness t (e). An approximately 
exponential decrease in microstrain with depth x occurs for all three 
samples. The residual microstrains in the as-received blocks mean that 
an expression of the type e (x) = B + A exp (-ax) must be used to 
represent the experimental microstrain distribution. The theoretical 
treatment using multiple orders of reflection to solve for the three ' 
unknowns, A, a and B would require three orders of reflection.
The only well separated multiple orders were 1010 and 3030 and 
therefore this method to obtain the microstrain distribution could not 
be used.
The micro-hardness and microstrain curves follow the same trend 
although detailed comparisons are not possible.
The difference between the low and high - cobalt specimens can be 
related to the microstructure of the alloys. At the lower cobalt contents 
the WC - Co compacts consist of a continuous WC "skeleton”. The particle 
to particle contact would suggest that some deformation would be able 
to be transmitted across grain boundaries. In the 3% Co specimen the 
deformed surface layer extends to approximately 5 microns. In the 91 
Co specimens this surface layer is 10 microns. The grain sizes in the 
3% and 9% Co specimens are 1 and 2 microns respectively. Therefore in 
both these specimens the deformed surface zone extends over approximately 
five grains. It should be emphasized that there is still a small amount 
of induced microstrain at greater distances from the surface. At the 
higher cobalt contents the WC grains are embedded in a cobalt matrix.
In the 20% Co specimen the deformed surface layer extends over 
approximately two grains which is less than the lower cobalt specimens. 
When the carbide "skeleton" becomes discontinuous at the higher cobalt 
contents, the load falls on both phases and the binder flows before the 
carbide because its yield stress is lower. Therefore the deformation 
is not so readily transmitted from grain to grain in the carbide. There 
would appear to be little difference in the magnitude of the microstrain 
induced in the surfaces of the three specimens. The induced microstrain 
was less than that in the pure sintered tungsten carbide.
It is interesting to note that the deformed surface region extends 
over approximately the same number of grains in the 3, 9% Co and pure
carbide specimens, despite their differing grain sizes. In these 
specimens there is sufficient particle to particle contact in the carbide 
phase for the stress to be transmitted across gram boundaries . The 
grinding forces are sufficient to initiate slip in the surface grains.
The grain may not be in the most favourable orientation for slip to occur 
but the grinding forces will usually exceed the necessary critical 
resolved shear stress. The stress is transmitted across the grain 
boundary and may be reduced in the process. The next grain will have a 
different orientation so that the critical resolved shear stress will be 
the transmitted stress resolved parallel to the slip planes. This 
resolution reduces the stress and the process is repeated until the 
resolved transmitted shear stress in a grain is too small to promote slip. 
In the samples considered this process occurred over a few grains only.
It would appear that the grain size is not the most important factor, once 
slip is initiated it goes through the grain. The transmission and 
resolution of the shear stress from one grain to another is the limiting 
factor. The grains may contain low angle boundaries and these will also 
tend to reduce the transmitted shear force. An increase in the applied 
stress should result in the deformation extending over a greater number 
of grains.
Amman and Hinnuber (119) studied the variation of wear with cobalt 
content. Between 0 and 10% Co they found very little difference in the 
wear rate. Above 10% there was a steady increase in the wear. Hinnuber 
(120) found that the grain size had an important influence on the wear. 
The similarity in the extent of the deformed surface layers in the 
3, 9% Co and pure carbide specimens would appear to be coupled to a 
similarity in the rate of wear.
A practical application of these findings is in the wear of 
tungsten carbide tool tips. In some types of tool tips tungsten carbide 
is sintered with a small amount of cobalt. On studying the worn surfaces 
of various tool tips, broad diffraction lines from the tungsten carbide , 
were observed. When analysed, these showed a crystallite size and 
microstrain effect, as in the milled powders and worked blocks. Wear 
in the tool tips is therefore accompanied by plastic deformation of the 
carbide. The deformation extends to several microns below the surface.
The plastic deformation may cause work hardening, which results in the 
surface layers becoming even more brittle, and fracturing. Previous 
theories of the wear of tool tips have not included the fact that the
plastic deformation of tungsten carbide may play an important role in 
tool wear.
It was mentioned in the introduction that Pons (113) and Trent 
(117) observed wavy slip lines in worn tungsten carbide specimens.
An explanation of this is that they may be dissociated slips resulting 
from the composition of the prismatic slip system ^1120^ { 1100 \ with
the basal slip system ^1120} £0001} . Basal slip was found in the 
milled powders and Takahahi and Freise (102) found evidence of prismatic 
slip in tungsten carbide single crystals.
CONCLUSIONS.
Tungsten carbide may undergo considerable plastic deformation as 
a result of mechanical working. Ball milling tungsten carbide powders 
results in a decreasing crystallite size and increasing microstrain. 
Deformation stacking faults are induced on the basal planes. These 
stacking faults imply that slip occurs on the basal plane.
The induced deformation may be annealed out. Strain relief and
o
crystallite growth is marked in the temperature range 1200-1600 C. 
Annealing at a fixed temperature for varying times shows that most 
annealing occurs within the first hour although small changes do occur 
for longer annealing times.
In sintered blocks and single crystals of tungsten carbide 
considerable deformation can be induced in the surfaces by grinding or 
polishing. The deformation may extend for several microns below the 
worked surface.
Tungsten carbide - cobalt alloys show similar microstrain 
distributions to the pure carbide. Plastic deformation occurs in the 
carbide grains and is not restricted to the cobalt as earlier theories 
have suggested. The deformation occurs over a larger number of grains 
in low cobalt alloys. The difference between the low and high - cobalt 
specimens is related to the microstructure of the alloys.
Table 17.
Hardness results for the WC-Co alloys
Composition Load, gms. Half Indentation Depth, microns. Hardness, Kg/mm2
3% Cobalt 500
Max.
1.57
Min.
1.46
Ave.
1.51
Max.
2,206
Min.
1,916
Ave.
2,106
1,000 2.25 2.20 2.22 1,961 1,869 1,918
5,000 5.14 4.93 5.02 1,947 1,789 1,877
10,000 7.15 7.06 7.11 1,920 1,830 1,873
20,000 10.09 9.98 10.04 1,914 1,840 1,878
.50,000 16.11 16.02 16.07 1,860 1,809 1,831
91 Cobalt 200 1.08 1.05 1.07 1,704 1,622 1,658
500 1.83 1.80 1.81 1,455 1,413 1,441
1,000 2.59 2.56 2.57 1,441 1,419 1,430
5,000 5.90 5.83 5.86 1,390. 1,363 1,377
10,000 8.49 8.42 8.45 1,336 1,312 1,326
20,000 12.01 11.93 11.97 1,340 1,310 1,322
20% Cobalt 200 1.36 1.25 1.31 1,211 1,027 1,111
500 2.16 2.11 2.14 1,066 1,013 1,036
1,000 3.0 2.96 2.98 1,077 1,051 1,059
5,000 6.85 6.80 6.82 1,066 874 972
10,000 9.84 9.82 9.83 1,006 885 981
20,000 14.09 14.06 14.07 995 902 956
The average value of ten inpress ions, together with the minimum 
and maximum values, is given.
Table 18.
Values of microstrain and crystallite size for the WC- Co alloys.
Composition. Depth of Surface 
Removed, microns.
Microstrain
xlO3
Crystallite
Size A.
3% Cobalt 0 1.71 260
0.89 1.32 300
2.62 0.74 725
6.00 0.55 950
10.17 0.47 1,290
91 Cobalt 0 1.62 190
1.51 1.41 250
3.63 1.10 300
6.50 0.95 350
8.76 0.77 420
201 Cobalt 0 1.80 340
1.87 1.11 400
3.52 0.72 435
7.25 0.39 600
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CHAPTER 4«
PLASTIC DEFORMATION ■ IN HAFNIUM: CARBIDE • •
INTRODUCTION
Hafnium carbide has been one of the least investigated 
of the carbides, because of its limited availability. Hafnium 
is now becoming increasingly available as a by-product from the . 
production of pure zirconium for reactor uses, and hafnium 
carbide should, therefore, become increasingly available. It 
has the highest melting point (3890°) of any of the tran­
sitional metal carbides.
A large part of the work that has been done on hafnium 
carbide has used material containing a few percent of zircon­
ium, so that a comparison of the behaviour of this material 
with other purer carbides is of limited value. Brizes (121) 
has reported that such hafnium carbide is ductile at about 
1600°C, and that the temperature dependence of the yield strength 
has a form different from that of the other Group 4 carbides. 
Adams and Beall (122) have investigated the properties of a 
number of hafnium carbon alloys. ' Their results, suggest that 
microhardness increases with carbon content in the HFC phase, 
as observed in titanium carbide. Ramqvist (123) has studied : 
the variation of microhardness and lattice parameter with carbon 
content in pure Group 4b carbides, including hafnium carbide.
He found that the lattice parameter curves exhibited maxima 
and the microhardness increased with increasing carbon content. 
Kieffer, Trebesinger and Reiter (124) have shown that the 
addition of hafnium carbide to hard carbide alloys gives 
beneficial results.
One difficulty in investigating the mechanical properties 
of hafnium carbide is that single crystals are not available. '
It was, therefore, decided to study the deformation character­
istics of powders, using ball-milling and subsequent X-ray line 
broadening analysis. The effect of temperature on the deform*^  
ation characteristics of hafnium carbide powders has been con­
sidered previously in chapter 2. The annealing characteristics 
were determined.
EXPERIMENTAL DETAILS .
The hafnium carbide used in all the experiments was supplied 
by the Materials Research Corporation. The cubic transition 
metal carbides are prone to penetration by oxygen and nitrogen 
atoms. Storms (125) found that titanium carbide always con­
tained oxygen and Kieffer et al. (126) found multiple phases 
present in cubic carbides containing oxygen. Carbides with 
these impurities give line profiles of complex shape which 
cannot be accounted for by broadened Koc, - Ko^doublets, and 
certain reflections may show some peak splitting. The inpurity' _ * 
atoms destroy the cubic symmetry. The as-received hafnium 
carbide gave well resolved line profiles, free from any 
complexities, suggesting that oxygen or nitrogen contamination 
was not a major problem.
Dry ball-milling of hafnium carbide powders at room 
temperature was carried out in a tungsten carbide pot, using a 
Glen Creston M280 mixer mill. The cobalt-bonded tungsten carbide 
milling vessel measured \ in. diam. X l \  in. height. A i in. ' 
diam. tungsten carbide ball was employed and milling times of 
I , 1, 2, 4 and 8kwere selected.
The annealing experiments were carried out in a Spembly 
carbon furnace. The hafnium carbide, after ball-milling was 
mixed with an equal volume of lamp black. The lamp black prevents 
decarburization and the formation of new phases with lower carbon con­
tents. The carbide - lamp black mixtures were annealed in a 
graphite crucible for two hour periods at temperatures up to 2750°C. 
The furnace was initially evacuated using a rotary pump and then 
high purity argon was fed in. The charge was heated up to the 
required temperature over a period of several hours and, after 
annealing at this temperature for two hours, was allowed to 
furnace cool. The temperature throughout the cycle was monitered 
with an optical pyrometer .
The X-ray diffraction line profiles were recorded using a 
diffractometer. This had a Philips X-ray generator and goniometer, 
with Panax electronic counting equipment. Automatic step- 
scanning facilities were available. Ni - filtered Cu radiation
was used. A fixed count step-scanning technique was employed.
The time taken to record 10^ counts was printed out on a 
Teletype machine. '
The instrumental profiles were determined from an 
as-received sample annealed for two hours at 2750°C. Only 
those diffraction line profiles that were sufficiently isolated 
were recorded. There were two sets of multiple orders obeying 
this condition, the 200-400 and 220-440 reflections.
The lattice parameter of the as received powder was cal­
culated from the resolved Koc, , peak positions on a diffractometer 
trace. The peak positions were corrected for instrumental peak 
shifts using a silicon standard. The lattice parameter values ’ 
calculated from each reflection were plotted against cos 6 and 
the resulting straight line extrapolated to zero. This 
procedure minimized any errors. The corrected lattice parameter 
was found to be 4.641 + 0.001 X, Using this lattice parameter 
value and the carbon content-lattice parameter curves of Ramqvist 
(123) the composition of the as-received hafnium carbide was 
found to be HFC 0.95.
The as received and ball milled powders were examined 
with a Stereoscan scanning electron microscope. The specimens 
for the Stereoscan were prepared in the following way. A small 
quantity of powder was mixed into half a test tube full of 
ethanol. The contents of the test tube were agitated using an 
ultrasonic bath. The resulting powder particles suspended in the 
ethanol were sprayed onto small pieces of glass 1 cm. square. ‘ 
The glass had previously been washed in water and then ethanol. ‘ 
The glass squares were coated with a thin gold-palladium film 
using a vacuum coating machine. Finally the glass squares were 
fixed to aluminium studs using a clear glue . A graphite 
suspension in alcohol was used to ensure good electrical con­
ductivity between the gold-palladium surface film and the 
aluminium base of the supporting stud. This latter procedure 
allowed the electrons, in the incident beam, striking the surface 
to leak away to earth and therefore eliminated any undesirable 
space-charge effects. The specimens were inclined at 45° to 
the incident electron beam.
An alternative technique of specimen preparation was tried.
In this the powder was pressed into small cylindrical pellets 
using a hydraulic press and steel die. One surface of the pellet 
was coated with gold-palladium and then mounted on the aluminium 
stud as described above. Generally this technique did not prove 
as successful as the one first described. The main reason for 
this was that the surface of a pellet was relatively uneven so 
that at higher magnifications, where the depth of focus was 
small, it was only possible to get a clear image from smali 
areas containing a few particles.
RESULTS AND DISCUSSION.
Stereoscan Observations.
Photographs of the as-received powder are shown in figs.
63 and 64. It can be seen that there is a large range of 
particle sizes. The smaller particles are the order of a 
1000 X whereas the larger particles are several microns in 
diameter. Some crystalline features can be distinguished although 
the presence of fracture surfaces suggest that the powder has 
been crushed or slightly milled. Ball-milling the as-received 
powder resulted in a size reduction in the larger particles.
This reduction was found to be quite considerable because the* 
ball-milled particles were too small to resolve clearly on the 
Stereoscan. The particle size was of the order of a 1000 X.
Room Temperature Ball-Milling.
In fig. 65 the values are plotted against (d*)^  for
1, 2, 4 and 8 hour milling times. The relatively large amount 
of broadening for the 111 and 220 peaks should be noted. This 
cannot be explained in terms of faulting and is most likely due 
to cleavage on {ill} or{110} type planes.
Fig. 66 shows the variation of microstrain with increasing 
milling time. There is a sharp initial rise and a general 
leveling off after 4h. The corresponding decrease in crystallite 
size is shorn in fig. 67.
A greater amount of microstrain was induced in the (ICO} 
type directions than in the <110) type directions. The smaller 
crystallite size and lower microstrain in the <^ 110) directions 
suggest that cleavage is occurring on {110} type planes and that 
the cleavage is relieving the microstrain.
No peak shifts were observed, and therefore stacking -*
faults were not produced during the deformation. This contrasts 
with the behaviour of tungsten carbide, where stacking faults 
were produced easily. There was no evidence to suggest twin- 
faulting.
Annealing Experiments.
Figures 68 and 69 show the relief of microstrain and the 
increase in crystallite size on heating to high temperatures. 
Just as it was possible to induce more strain in the (100) 
directions by milling, so it was possible to relieve more strain 
in this direction by annealing. The strain relief process in 
the (100) directions was similar to that normally observed 
during the recovery and recrystallization of metals. At 
2750° C, approximately 10.1 of the microstrain in the (100} 
directions was retained. In contrast, more microstrain in 
the (HO) type directions was retained after annealing and at 
2750° C 50% of the microstrain was still retained. There was 
a corresponding smaller increase in crystallite size. It was 
not possible to go above 2750° c but the annealing curves 
suggest that at 3000° C most of the microstrain in the (110) 
type directions would be relieved.
During the annealing experiments, no change in the lattice 
parameter was observed. This indicates that the composition of 
the hafnium carbide remained the same.
The annealing curves for tungsten carbide have been 
previously determined, and it was found that most of the micro­
strain was annealed out in the region of 1200° C to 1600° C, 
contrasting with 2000° C to 2750° C for hafnium carbide. 
Annealing properties for tantalum and niobium carbides have been 
investigated by Gillies (94), and found to resemble those of 
tungsten carbide. Thus, hafnium carbide seems to have unique 
high-temperature properties among the transition-metal carbides. 
CONCLUSIONS.
Ball milling HfC induces microstrain and reduces the 
crystallite size. This behaviour is similar to that found in 
other carbides. There was no evidence of faulting. The HfC
exhibited a marked anisotropy in its behaviour. In the <100) 
directions, it is relatively plastic compared with its more 
brittle behaviour in the <110) directions, where cleavage occurs.
On annealing HfC, more strain relief occurs in the <100> 
directions. The annealing curves suggest a recovery and re­
crystallisation process, as in metals. The <100> directions are 
more amenable to plastic deformation, and to the removal of the 
effects of such deformation by annealing. Hafnium carbide has 
a uniquely stable crystal lattice at high temperatures, com­
pared with other transition metal carbides. For example, 
microstrains in hafnium carbide anneal out at nearly double 
the temperature of tungsten carbide. It'thus seems to have a 
great potential for high-temperature applications, particularly 
where hardness is important.
Fig.63.
i- , i
2 microns.
Stereoscan photographs of as-received hafnium carbide.
2 microns.
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CHAPTER 5.
PHASE TRANSFORMATIONS IN ZIRCONIUM OXIDE. '
INTRODUCTION.
Zirconia is a polymorphic material and three forms, monoclinic, 
tetragonal and cubic are established. It occurs naturally in the 
monoclinic form as baddeleyite. The naturally occuring material 
is often inferior, as a refractory, to synthetic zirconia, and 
usually contains a few percent of hafnium. Synthetic zirconia is 
made from zircon ore, which is the most important zirconium 
mineral. The world supply of zircon is almost wholly obtained 
from beach sands.
Goldschmidt et al. (127) were the first to report a mono­
clinic to tetragonal phase transformation above 1000° C. The 
tetragonal form is not retained by quenching. The phase transform­
ation is accompanied by a volume change. The volume change is 
technologically important because it causes cracking when pure 
zirconia shapes are fired. Clark and Reynolds (128) obtained a 
tetragonal form, stable at room temperatures, by thermally 
decomposing a zirconium compound. From X - ray studies, they 
concluded that the high and low temperature tetragonal forms were 
the same. Weber and Schwartz (129) suggested that the metastable 
room - temperature tetragonal form was stabilized by sulphate 
and other anions remaining after the incomplete volatilization of 
the zirconium compound. They also noted that the metastable 
tetragonal zirconia gradually reverted to the monoclinic form 
over a period of months at room temperature. Several studies 
have have been made on the metastable tetragonal form produced by . 
theunal decomposition (130, 131) and precipitation from aqueous 
solutions (130). In all these cases the metastable tetragonal 
zirconia occurred as ultrafine particles with sizes of the order
of ioo L
Clearfield (132) and El-Shanshoury et al. (133) have 
reported the existence of a metastable cubic zirconia at low 
temperatures together with the metastable tetragonal form. Smith 
and Kline (134) noted the existence of a cubic form at temperatures
above 2300° C. Rub and Rockett (135) have published a proposed 
phase diagram for zirconia consistent with, all the recently 
published data.
The occurrence of metastable tetragonal zirconia has been 
attributed to the presence of stabilizing impurities (129, 131, 
136) and to crystallite size effects (130). The hypothesis 
concerning stabilizing impurities has not found any conclusive 
experimental support. The existence of metastable cubic and 
tetragonal zirconia has been noted in high purity stoichiometric 
zirconia (137).
The crystal structures of the monoclinic and tetragonal 
phases have been considered as distorted fluorite structures. In 
particular, the tetragonal phase has often been indexed on a 
face-centred tetragonal unit cell. This is not a conventional 
cell in the tetragonal system as it can be reduced to a smaller 
body-centred cell. Primitive and body-centred unit cells are the 
conventional cells in the tetragonal system. ' Teufer (138) 
indexed the tetragonal form of zirconia on a primitive unit cell 
with cell constants a = 3.64 X , c = 5.27 X and space group 
P41/nmc. With the origin at 4m2 , the zirconium and oxygen atoms 
are located in positions similar to those found in the fluorite 
structure. Me Cullough and Truebold (139) determined the 
structure of the monoclinic phase. The structure is characterized 
by a seven-fold coordination of the zirconium atoms by oxygen 
atoms. The zirconium atoms are sandwiched on one side by oxygen 
atoms in tetrahedral coordination, and on the other side by oxygen 
atoms in trigonal coordination. The space group is P2jc and the 
cell constants are a = 5.169 X , b = 5.232 X , c = 5.341 X 
and /$ = 99° 15; . The tetrahedrally coordinated layers are 
similar to layers found in the fluorite structure. The space 
group of the monoclinic phase is a subgroup of the tetragonal 
space group. The monoclinic structure can therefore be derived 
by suppressing certain symmetry elements in the tetragonal form.
The mechanics of the phase transformation have been 
extensively investigated. Wolten (140, 141) described the 
monoclinic-tetragonal transformation in zirconia as diffusionless 
and likened it to the martensitic type of transformation observed
in metallic and alloy systems. The transformation was found to 
occur over a considerable temperature interval rather than at 
a sharply defined temperature. The electron microscopy studies 
of Bailey (142) have shown that the transformation in thin films 
of zirconia is of a martensitic shear type. The metallographic 
observations of Fehrenbacher and Jacobson (143) support these 
findings and attribute a shearing mechanism to the atomic 
movements during the phase change.
Smith and Newkirk (144) suggested that the monoclinic to 
tetragonal transformation could take place by rotation of the 
trigonal coordinated oxygen atoms in the (100) planes. The 
largest distance any oxygen atom need move is only 1.2 X. The 
oxygen atom movements occurring during the transformation were 
inferred by Patil and Subbarao (145), and were in agreement 
with the predicted movements of Smith and Newkirk.
Grain and Garvie (146) suggested a transformation mechanism 
based on Ubbelohde’s (147) theory of continuous phase 
transformations. According to this theory, whenever a crystal of 
monoclinic zirconia is heated to a temperature within the transi­
tion region, domains of the tetragonal phase form in the monoclinic 
matrix. During the transformation, the system is described as a 
hybrid single crystal in which the two phases coexist. Experiments 
supported this theory and the domain size was found to be of the 
order of 1000 X.
The zirconia used as a refractory is usually a solid 
solution of zirconia with a small amount of magnesia, calcia or 
yttria. This so called ’stabilized’ zirconia has a cubic structure 
that does not change phase on heating. It is therefore possible 
to sinter or fire stabilized zirconia shapes.
In this chapter the effect of ball milling both monoclinic 
and tetragonal zirconia is presented and the monoclinic-tetragonal 
phase transformation is considered.
EXPERIMENTAL PROCEDURES.
1. Materials.
Two grades of monoclinic zirconia were used, one a reagent 
grade supplied by British Drug Houses (B.D.H.), and the other, a
spectra pure grade supplied by Johnson-Matthey. X-ray diffraction 
patterns revealed the monoclinic form only. The tetragonal form 
was produced by the thermal decomposition of zirconyl chloride 
oxyhydrate (B.D.H.). The material was decomposed in air at 530° C 
for 3 hours. X-ray diffraction patterns revealed the tetragonal 
form with a small amount of the monoclinic form.
2. Milling.
Ball milling was carried out in a Glen Creston M280 mixer 
mill. Tungsten carbide, alumina and stainless steel pot and ball 
sets were used. All three pots had the same dimensions, namely 
4 cm diameter x 5 cm height. A charge of 4 gm of zirconia powder ~ 
was used throughout and the milling time was varied from 5 
minutes to 50 hours.
3. Annealing.
Samples of the milled materials were annealed in the temper­
ature range 600 - 1400° C in a small laboratory furnace. Annealing 
was performed in alumina boats in air. After holding at the fixed 
temperature for one hour the samples were furnace cooled to room 
temperature.
4. X-Ray Analysis.
All samples, milled and annealed, were examined on a Siemens 
diffractometer using Ni-filtered Cu radiation. A counter scanning 
speed of i°2Q per minute was used and the diffraction line 
profiles were chart recorded. For each sample a review diffraction 
pattern was recorded in the angular range 10° < 2e <65°. Profiles 
of the monoclinic zirconia lines, (111) and (111), and tetragonal 
zirconia line, (101), indexed on the primitive unit cell, were 
recorded in the angular range 26° <2e <33°. These three profiles 
overlapped each other and attempts were made to resolve them using 
a Rachinger type method (22). The procedure required the 
assumption that the profiles were symmetrical and this would 
appear reasonable as the profiles were very broad. The areas under 
the three peaks were measured with a planimeter and were used to 
estimate the percentage of the tetragonal phase. The ratio 
IT(101)/[lM(lli) + Irp(lOl) + 1^ (111)] was used to estimate the
amount of tetragonal phase, where 1^ and 1^ are the intensities
of the tetragonal and monoclinic lines respectively. Known 
amounts of the two phases were mixed together and this ratio 
determined, resulting in a calibration curve. After evaluating 
the ratio for an unknown powder the percentage tetragonal phase 
could be read directly off the calibration curve. Using this 
method it was possible to estimate the percentage tetragonal 
phase to an accuracy of approximately 51.
Crystallite sizes for monoclinic and tetragonal zirconia
were obtained from measurements of the half-breadths of the line
2 2profiles. The relation 3/B = 1 - b /B , between the measured 
half-breadth B, instrumental half-breadth b and pure diffraction 
half-breadth 3 was assumed. It was also assumed that the 
diffraction broadening was a result of crystallite size only.
This is a reasonable assumption for low order peaks. A more 
detailed analysis of the overlapping profiles was not possible 
and because there were no well resolved multiple orders the 
microstrain term could not be evaluated.
5. Electron Microscopy.
Ball milled monoclinic zirconia and chemically prepared 
tetragonal zirconia were examined on a Japan Electron Optics 
Laboratory Co. Ltd. JEM - 100B electron microscope.
Sample preparation required great care and contamination was 
strictly avoided. A glass slide was thoroughly cleaned, washed 
in methanol and dried in warm air. The surface of the slide was 
polished with the aid of a small quantity of Teepol, a commercial 
detergent. The powder was mixed with methanol and placed in an 
ultrasonic bath. The resulting mixture was sprayed onto the 
polished glass slide, a technique that ensured a fairly even 
distribution of particles. A thin carbon film was then deposited 
over the slide. This film could easily be removed by dividing it 
into a grid network and floating the small sections off in 
distilled water. Embedded in the sections of film were the 
particles of interest. Specimen grids were used to obtain sections 
of the film for examination.
RESULTS.
1. Ball Milling and Annealing Experiments on Monoclinic Zirconia.
Milling monoclinic zirconia resulted in a gradual decrease of
the peak intensities and increase in the broadening of the (111) 
and (111) lines. After several hours milling a very diffuse(101) 
line of tetragonal zirconia appeared between the two monoclinic 
lines. This line increased in intensity as the milling time was 
increased. The tetragonal zirconia line appeared after 3 hours 
milling in a tungsten carbide pot and after 15 hours milling in 
alumina and stainless steel pots. None of the possible 
contaminants introduced by milling (e.g. tungsten carbide) had a 
diffraction line that interfered or masked the (101) tetragonal 
line. Figure 70 shows the increasing intensity of the (101) 
tetragonal zirconia line as the milling time is increased. A 
tungsten carbide pot was used. The diagram also shows the 
position where the (111) cubic line would appear if this reported 
phase were present. It can be seen that there is no possible 
confusion between this and the (101) tetragonal line. These 
results were independent of the kind of pot used and of the 
starting material and spectra pure zirconia milled in an alumina 
pot showed the same behaviour. The amount of tetragonal zirconia 
produced seemed to be limited to approximately 45$ even after 50 
hours milling. After prolonged milling the monoclinic and 
tetragonal phases were characterized by small crystallite sizes 
of the order of 100 X. It was not possible to determine the 
percentages of small amounts of the tetragonal phase from the 
diffraction peaks because, line broadening completely masked the 
low intensity tetragonal peak.
The milled samples were then annealed at 600, 800, 1000, 1200 
and 1400° G, and the change in the line profiles of the monoclinic 
and tetragonal phases observed. The percentage of the tetragonal 
phase increased up to 1000° C for material milled in an alumina 
pot, and 800° C for material milled in a tungsten carbide pot., and 
then decreased. The change in the line profiles of the monoclinic 
phase below the maximum tetragonal point was very small. The 
tetragonal line sharpened as a result of an increasing crystallite 
size. Further evidence that the new phase was tetragonal and not 
cubic was obtained from the fact that certain broadened X-ray 
diffraction lines sharpened on annealing to reveal the characteristic 
tetragonal doublets.
Table 19 shows the variation of crystallite size for both the 
phases, and the percentage of the tetragonal phase?for an 
increasing annealing temperature in monoclinic zirconia milled for 
40 hours in a tungsten carbide pot.
These results appeared to be independent of the contamination 
introduced during milling as the same trend was observed for B.D.H. 
and spectra pure zirconia milled in alumina and tungsten carbide 
pots. Quantitative results for samples of B.D.H. and spectra pure 
zirconia milled for 30 hours in an alumina pot are presented in 
Figure 71. The increase in the tetragonal phase is more marked in 
the B.D.H. zirconia
Further confirmation of the increase in tetragonal zirconia 
during the annealing of milled samples was obtained by dilatometric 
techniques. The monoclinic-tetragonal phase transformation is 
associated with a 9$ volume change and one would expect, therefore, 
that the additional formation of tetragonal zirconia during 
annealing would be reflected in the dilatometer curves.
Heating cycles similar to those used in the annealing experi­
ments were repeated for the dilatometric measurements. Samples 
for the dilatometer were prepared from B.D.H. zirconia milled for 
30 hours in an alumina pot. The powder was cold pressed into 
cylinders 9.62 mm in diameter and the same height. The dilatometer 
runs were performed in a simple silica glass tube dilatometer with 
a linear displacement BPA differential inductance transducer, 
connected to a BPA transducer meter type No. C52. The output from 
the amplifier was used to drive one channel of a recorder. The 
displacement and temperature of the specimen were recorded as a 
function of time on separate channels. In every case a heating 
rate of 14° C per minute was used up to the required temperature. 
This temperature was held constant for one hour and the sample was 
then furnace cooled. The same sample was used in all the dilato­
meter runs so that the sample after the first run was used as the 
starting material for the second and so on. This procedure 
simplified the interpretation of the dilatometer curves. In 
Figure 72 three dilatometric runs are presented in relation to 
curve (a) in Figure 71, which represents the change in the amount
of the phases, detected by X-ray measurements, in the same sample 
Arrow I in Figure 71 shows the state of the milled sample after 
heating from room temperature to 800° C. An increase in the 
amount of the tetragonal phase is shown and this is confirmed by 
the first dilatometric run where shrinkage of the sample, as a 
result of the phase transformation, is observed (Curve I). Arrow 
II in Figure 71 shows a decrease of the tetragonal phase 
converted by its transition to the monoclinic phase, and the second 
dilatometer run also confirms this behaviour, because the additive 
expansion is marked in the temperature range above 950° C (Curve II). 
The third dilatometer run (arrow III in Figure 71) is typical for 
the pure monoclinic phase (Curve III).
2. Ball Milling and Annealing Experiments on Tetragonal Zirconia.
Metastable tetragonal zirconia produced by thermally decomposing 
zirconyl chloride oxyhydrate for 3 hours at 550° C transformed 
gradually to the mohoclinic form upon annealing. The results are 
shown in Figure 73. The crystallite size of the tetragonal zirconia 
increased from 145 X to 300 X upon annealing up to 900° C, and when 
the tetragonal phase finally disappeared, accelerated growth of the 
monoclinic crystallites was observed. The crystallite size of the 
tetragonal and monoclinic forms within the temperature range of 
coexistence was nearly the same. The crystallite sizes of both 
phases and the percentages of the tetragonal phase are shown in 
table 20.
Whitney (131) reported that tetragonal zirconia, produced as 
described above, transformed rapidly to the monoclinic form when 
gently ground in a mortar. This effect was not observed during 
the grinding of tetragonal zirconia in a mortar, however, vibration 
ball milling very quickly converted the tetragonal form to the 
monoclinic one. Figure 74 shows the effect of ball milling on the 
tetragonal zirconia. In the first stages of milling the tetragonal 
form quickly transformed to the monoclinic one. When, after 
approximately three hours, this transformation was complete, further 
milling resulted in the monoclinic form transforming back to the 
tetragonal form in a similar way to that observed when milling 
experiments were performed on monoclinic zirconia. The crystallite 
sizes of both phases together with amount of the tetragonal phase
are shown in table 21. The tetragonal zirconia produced in this way 
showed a similar behaviour,when annealed,to tetragonal zirconia derived 
from the monoclinic form.
3. Milling Experiments on Monoclinic Zirconia with Additions of
HC1 and NaCH.
Monoclinic B.D.H. zirconia was milled in an alumina pot in the 
presence of dilute HC1 and NaOH (11 droplets to 4 gm of powder). A 
milling time of 30 hours was used. The experiments were performed to 
check the influence of the impurity Cl and OH ions on the formation 
of the tetragonal phase during milling. Infra-red spectroscopy 
indicated that these ions were present in the milled powders.
It was impossible to determine the amount of the tetragonal phase 
produced by milling with these additions because no clear tetragonal 
peak showed up. There were two possibilities, namely that little or 
no tetragonal zirconia was produced or that the tetragonal form was of
O
an extremely small crystallite size ( 'vlO A) giving a very broad peak. 
The shape of the profiles of the (111) and (111) monoclinic peaks 
suggested some interference from an extremely broad peak. The formation 
of the tetragonal phase during annealing was delayed. This delay may have 
been until the additions of NaOH and HC1 were driven off by heating.
The amount of the tetragonal phase formed could not be compared exactly 
with that formed from the sample milled without additions because the 
milling conditions were not quite the same. It was clear, however, that 
the addition of HC1 and NaOH hindered the phase transformation, no 
clear tetragonal peak appearing before 800° C.
4. Electron Microscopy Studies.
Samples of monoclinic zirconia ball milled for 10 and 40 hours, 
and chemically prepared tetragonal zirconia were examined under an electron 
microscope. Electron micrographs of the 10 hour milled powder are shown 
in Figs. 75 and 76. The selected area diffraction patterns of the 
particles are also shown . The two particles shown were typical of the 
majority of particles. The average particle size was of the order of 
1000 X. The diffraction patterns suggest that the particle in Fig. 75 
was much more deformed than that in Fig. 76.
The 40 hour milled powder showed a large number of much smaller 
particles, (of the order of 100 X), together with some larger 1000 X 
particles. The small particles gave very diffuse diffraction patterns
and in some cases appeared to give none at all. This suggests that 
the particles were highly strained. Electron micrographs of several 
of the small particles are shown in Fig. 77.
The average particle size of the chemically prepared tetragonal 
zirconia was of the order of 100 X. There were no large 1000 X 
particles. An electron micrograph and selected area diffraction pattern 
of a group of particles is shown in Fig. 78. The small particles again 
gave poor diffraction patterns but the spots were not so diffuse as in 
the ball milled case. This suggests that the chemically prepared 
particles were not as strained as the ball milled particles.
The particle and crystallite sizes for the 40 hour milled and 
chemically prepared zirconia were in good agreement. The X-ray and 
electron microscopy measurements suggested that the small particles were 
single crystals.
DISCUSSION OF RESULTS.
Vibration ball milling of monoclinic zirconia results in a phase 
change from the monoclinic to the tetragonal form. Observation of the 
main diffraction line profiles of the two phases indicates that milling 
reduces the crystallite size, introduces lattice strain and reduces 
part of the material to an amorphous state. The latter was confirmed 
by measurements of the area under the (111) and (111) monoclinic lines.
The transformation will also be helped by the increase in the 
temperature of the system as a result of milling. This has the effect 
of reducing the free energy difference between the two phases.
When the milled samples are annealed at temperatures up to 800 - 
1000° C the amount of the tetragonal phase increases. This process can 
be considered as a recrystallisation from the highly strained or 
amorphous regions. It has been suggested that the formation of the 
tetragonal phase during thermal decomposition is caused by impurities 
and small crystallite sizes. The presence of Cl and OH ions was 
found to delay the formation of the tetragonal phase during annealing. 
Results obtained from our work indicate that it is mainly the high free 
energy of small crystallites that leads to the stabilization of 
tetragonal zirconia at temperatures below the transition temperature.
Two theories for the production of tetragonal zirconia by ball 
milling that involve surface energy considerations are possible. The 
first assumes that small regions in the monoclinic particles undergo 
a shear martensitic type transformation during milling. The milling
forces are a combination of hydrostatic and shear forces and J.E.
Bailey (142) has shorn that the monoclinic to tetragonal 
transformation in thin films of zirconia is of a martensitic shear type. 
These small transformed regions are stable as a result of their high 
specific surface areas providing an amount of energy greater than the 
free energy difference between the phases.
The second theory involves a gradual breaking down of the 
monoclinic particles, as a result of ball milling. When a critical 
particle size is achieved the free energy produced as a result of the 
new surfaces developed is greater than, or equal to, the free energy 
difference between phases.
There is evidence to support this second theory. Consideration 
of tables 19, 20 and 21 shows that the monoclinic phase always occurs 
with a larger crystallite size than the tetragonal phase. Electron 
microscopy studies have shown that the crystallite and particle sizes 
are comparable and therefore these results suggest that there is a 
critical particle size below which the tetragonal phase is the most 
stable. The fact that a two phase region is observed may be attributed 
to a distribution of particle sizes which can be considerable. The 
smaller particles have sufficient free energy to transform to the 
tetragonal phase whereas the larger ones remain in the monoclinic form.
Assuming that the two phases are in equilibrium at a critical 
particle size Dc, then their free energies must be equal, i.e.
GT + STyT + VT = Si + SlYM * VM CO
*
where G is the free energy of zirconia in the form of large single 
crystals (cal./gm.); V is the strain energy (cal./gm.); y is the 
free surface energy (cal./cm2) and S is the specific surface area 
(cm2/gm.). The subscripts, M and T, refer to the monoclinic and 
tetragonal phases respectively.
For cubic or spherical particles S = — r- , where p is the
P c
density. Equation (1) can therefore be written in the form.
Gt + _ ^  + Vt .= + _ % _  ♦ VM (2)
pT°c pM°c
Dc =  6____________ / tM yT \ (3)
L(Gt - G £* CVt -Vm )] \ pM PT
Particles larger than this critical value will exist in the 
monoclinic form and smaller particles will be in the tetragonal form.
If the strain energy term is ignored it is possible to calculate 
the critical size for strain free particles. The value of D was 
calculated using the following values which were obtained from the 
stated references.
= 1130 ergs/cm2 (130)
Yrj, = 770 ergs/cm2 (148)
Gf - G^ = 491 cal'./mole (130).
The densities were calculated from the available X-ray data 
concerning unit cell dimensions and cell contents (138, 139).
p,j, = 5.86 gm./cm3
P M  = 5.74 gm./cm3
Substituting these values into equation (3) and ignoring the
strain energy terms, Dc was found to be approximately 230 X. This
is of the same order of magnitude as the measured crystallite and
particle sizes in the monoclinic-tetragonal equilibrium mixtures. The
values of Yj^  and are likely to be rather uncertain. Certainly the
value of Yj^j should be considered as being somewhat approximate because
it is a value derived by calculation. Therefore D = 230 K shouldJ c
only be considered as giving the order of magnitude for the transformation 
to occur.
The strain energy term may be calculated from a knowledge of the 
strain, e , and Young 's modulus, E, using Faulkner's equation (149).
V =. 2.81. E e2 (cal./gm).
P
Typical values of e for oxides range from 0.001 to 0.01
(150).
Taking the value of E as approximately 1.5 x 1012 dynes/cm2
(151), the stored energy values of 2 cal./mole for e =0.001 and 
200 cal./mole for e = 0.01 result.
The strain energy term is of secondary importance compared with 
the bulk free energy and surface energy. It may play an important 
role however, and shift Dc to larger or smaller values depending
upon whether > V^ , or V^ , > V^ . For instance it is not
possible to explain the results for the ball milling of tetragonal 
zirconia from particle size considerations alone. Hie particle size 
theory would require an increase in the particle size of the tetragonal 
phase during ball milling. The critical size, Dc , must somehow be 
reduced if tetragonal particles are to transform to the monoclinic 
phase. This can be achieved by an increase in the tetragonal strain 
energy term or an increase in the tetragonal surface energy. This 
latter possibility is not realistic as surface contamination, picked 
up during the milling by the tetragonal phase, would reduce the 
surface energy. Table 21 shows that the transformation proceeds 
rapidly with a small change in the crystallite size. Only a small 
amount of strain would be required to tip the balance. Alternatively 
the shearing action of the ball-mill may promote the transformation.
Thus we may conclude that a reduction in the particle size of 
zirconia to about 200 X produces an unstable condition, in which 
it readily changes from monoclinic to tetragonal, or back again.
Snail changes in the surface condition or microstrain concentration 
will be sufficient to upset the equilibrium.
The particle size theory does not preclude a metastable cubic 
form at room temperature. The cubic form is usually stable above 
2300° C and therefore the free energy difference between this and the 
monoclinic form is much greater than in the tetragonal-monoclinic case.
A much smaller particle size, perhaps of the order of tens of Angstroms, 
would be required to make the cubic form metastable at room temperature.
Detailed calculations were impossible because of uncertainties 
in the values of y and strain energy contributions.
The fact that a phase transformation may be made to proceed in 
either direction by ball milling has been noted in other materials
(152).
CONCLUSIONS. '
1. Tetragonal zirconia was formed at room temperatures from 
monoclinic zirconia when the crystallite size was made 
sufficiently small by ball milling. The transformation 
normally only occurs above 1000° C.
2. Calculations showed that tetragonal zirconia formed by milling
or by thermal decomposition is stable at room temperatures mainly 
because of its small particle size. The high surface energy
difference between the particles of the two phases is greater 
than their free energy difference.
Upon annealing the milled samples of monoclinic zirconia, 
the percentage of the tetragonal phase increased with 
temperature up to approximately 1000* C, and then decreased 
at higher temperatures.
Tetragonal zirconia transformed quickly to the monoclinic 
form upon ball milling at room temperature. After approximately 
three hours the transformation was complete, and further milling 
resulted in the monoclinic form transforming back to the 
tetragonal form.
Impurity Cl and OH ions hindered the monoclinic tetragonal 
phase transformation. It would appear that tetragonal 
zirconia is not stabilised at room temperatures by impurities. 
Far greater ball milling times were required to produce the 
monoclinic to tetragonal phase transformation than the reverse 
transformation.
Reduction of the zirconia to a particle size of approximately 
200 X produces an unstable condition, in which phase 
transformations may readily occur in either direction as a 
result of small changes in surface conditions or microstrain 
concentration.
TABLE 19
The annealing of monoclinic zirconia milled for 40 hours in a 
tungsten carbide pot.
Annealing Crystallite sizes,X % Tetragonal
Temperature,°C Monoclinic Tetragonal Phase
0 90 75 45
600 115 80 75
800 115 105 80
1000 540 480 20
1200 >1000 - < 5
TABLE 20
The annealing of tetragonal zirconia produced by thermal decomposition.
Annealing Crystallite sizes,X % Tetragonal
Temperature,°C . MDnocliriic Tetragonal Phase
0 165 145 85
600 180 150 75
700 230 180 65
800 240 230 50
900 300 300 25
1000 710 - 0
TABLE 21
The ball milling of tetragonal zirconia produced by thermal 
decomposition.
Milling Time 
0
5 min. 
15 
30
1 h.
2 
4
28
48
Crystallite Sizes,X 
Monoclinic Tetragonal
165
165
160
160
155
150
150
120
95
145
140
120
110
95
50
% Tetragonal 
Phase
85
55
35
25
15
<5
^0
<5
20
Fig.70. Diffractometer traces of monoclinic zirconia ball milled 
for 10, 20, 30 and 40 hours. The monoclinic peaks (lll)M, 
(lll)M and tetragonal peak (101)T are shown. The position 
where a cubic peak, (lll)C, would occur is also shown.
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Fig.71. The effect of annealing on milled monoclinic samples.
(a) B.D.H. zirconia.
(b) Spectra pure zirconia.
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Fig.72. Dilatometer curves for ball milled zirconia.
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Fig.73. The effect of annealing on tetragonal zirconia produced 
by thermal decomposition.
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Fig.74. The effect of ball milling on tetragonal zirconia produced 
by thermal decomposition.
r
5000X
Electron micrograph and selected area diffraction pattern 
of ball milled monoclinic zirconia crystallites. The 
monoclinic zirconia was milled for 10 hours in a 
tungsten carbide pot.
95000X
Fig.76. Electron micrograph and selected area diffraction pattern 
of ball milled monoclinic zirconia crystallites. The 
monoclinic zirconia was milled for 10 hours in a 
tungsten carbide pot.
Fig.77. Electron micrographs of monoclinic zirconia ball milled 
for 40 hours in a tungsten carbide pot.
Fig.78.
500A l._... -J
Electron micrograph and selected area diffraction pattern 
from tetragonal zirconia produced by thermal decomposition,
APPENDIX 1
A NUMERICAL FOURIER ANALYSIS METHOD FOR THE CORRECTION OF INSTRUMENTAL 
BROADENING
If h(x) is the observed intensity at a point x in the profile, 
f(x) the intensity at x in the absence of instrumental broadening 
and g(x) the intensity at x due to instrumental broadening, then h(x) 
is the convolution of f(x) and g(x).
h(x) = f(y) g(x-y)dy - CD
The true broadening function f (x) may be found by a deconvolutional 
process.
If the Fourier transforms of h(x), f(x) and g(x) are H(n), F(n) 
and G(n) respectively, then
H(n) = F(n) G(n)
or F(n) = H(n) 
G(n)
where H(n) = n h(x) exp (2iTixn/a)dx
•+i
F(n) =
G(n) =
f (x) exp (27rixn/a)dx
'1 g(x) exp (27tixn/a)dx
- (2)
-  (3)
-  (4)
- (S)
- (6)
Hie functions h(x), £(x) and g(x) are zero outside the range
a j. a 
" 2  t 0  2 *
The Fourier transforms are complex. Denoting real and imaginary 
parts by the subscripts r and i respectively, equation (3) becomes:
F(n) = Fr(h) + iFi(n) = Hr^  ^ i ^  -(7)
Gr(n) + iGi(n)
In practice g(x) and h(x) are measured at discrete intervals.
The integrals (4) and (6) can be evaluated numerically by dividing 
the range — a/2 to +a/2 into a sufficient number of intervals and 
summing the integrals at these intervals. The real and imaginary 
parts of H(n) and G(n) are given by the following equations:
x=+X
2
Gr(n) = ) , g(x) cos (2irrnx/Y) - (10)
Y 
x "2
x=J
2
Gi(n) = ^ 1 g(x) sin(2Tinx/Y) - (11)
- I
H
H (n) = ^ h(x) cos(2imx/Z) - (12)
H
X=+? •
X 2
H. (n) = ^ h(x) sin(2Trnx/Z) - (13)
1-------- L----1
H
Y and Z are the number of intervals at which g(x) and h(x) are 
measured. Evaluation of the above equations allows Fr(n) and F^ (n) 
to be calculated using equations (8) and (9).
The Fourier coefficients F (n) and F.(n) are the coefficients Ar v  i r  J n
and Bn or A(L) and B(L) used in the Warren-Averbach method.
The distribution of power in a diffraction line is given by
P(20) = K(0)j^n Cn exp[-2itin ^ ( s - s ^ ]
— 00
-  (14)
The Fourier coefficients are given by
Cn = J p(2e) exP[2"in dhkx(s_s0)]ds "(15)
The integration is carried out in reciprocal space. Therefore 
the variable dj^ (s-s ) ranges from +J to to include all the 
contributions belonging to the reciprocal lattice point hkl.
For convenience, the s-coordinates can be converted into the 
experimentally observed 20 coordinates. This conversion is possible 
so long as 20 < 120°. Above this angle 20 coordinates should be 
converted to s coordinates.
“ cos 60 dlikl(20 - 20o) - (16)
A
If the total range is 2©2 - 20j ^ (corresponding to to +1. 
in reciprocal space), then
(202 - 2Q±) = A - (17)
dhlclcos 9o
This range extends over several tens of degrees and is not 
practical. Therefore a much smaller interval 2©2 - 20^ is used 
which still includes the entire peak profile. The Fourier 
coefficients are calculated at the experimental harmonic numbers n 1. 
If dj^ is the apparent interplanar spacing defined by the range 
202? - 20^’ then it can be shown that
ndhki= n’ = L -
Values of h(x) are measured at equal intervals in the range
2©21 to 20^ * and the ordinates x range from a negative value,
first x, to a positive value, last x. The instrumental peak is 
usually much sharper than the broadened peak, and therefore a 
smaller subdivision is necessary if the g(x)’s are to represent 
the instrumental peak accurately. The subdivision used in the 
instrumental peak is usually \ or J of that used in the broadened 
peak.
The following computer program was written to calculate the 
Fourier coefficients using equations (8, 9, 10, 11, 12, and 13,) 
and the column length L using equation (18). The integral breadth 
was also calculated by means of the equation:
0(20) = (202 - 20^/ £ cn
The program was written in Algol and was designed to be used 
in conjunction with an ICL 1905F computer.
'PROGRAM1 (S251)
'BEGIN' 'INTEGER' I, J,K,M,N,N1,X,FIRSTX,LASTX,NUMBER OF DATA SETS, 
COUNTG,COUNIH;
'REAL' A,B,E,FI,FR,FRO,P,PI2,Q,R,BETA,LORENTZ POLARIZATION FACTOR,RANGE, 
FACTOR, LAMBDA, THETAO, BETASTARSQUARED, DSTARSQUARED, TIMEG, TIMEH;
'SWITCH' SI:=L1,START1,START2;
PAPERTHROW; . .
K:=0;
SELECT INPUT (3);
NUMBER OF DATA SETS: =READ;
START1:K:=K+1;
1VRITETEXTC C" ('P')'L.J.PORTER%S251' ('2C') ") ') ;
PI2:=6.2831853; /
'COMMENT' THE FOLLOWING PROCEDURE ALLOWS HEADINGS TO BE READ IN AND 
PRINTED OUT.ALL HEADINGS MUST BE TERMINATED BY . ;
START2: M : =READCH;
'IF' M = C O D E ( ' ' T H E N '  'GOTO' Sl[l] 'ELSE*
'BEGIN' PRINTCHCM); 'GOTO' Sl[3]
'END';
LI: WRITETEXTC (''('2C') 'HARMONIC' ('3S') »L^ANGSTROMS' Cf'6S!) 'A' ('12S') 1 
B' ('12S') 'GR' (’US') TGIf ('12S') 'HR' (' 12S') 'HI' ('2C') ' *) ') ;
THETAO :=READ;
FIRSTX:=READ;
LASTX:=READ;
N1:=LASTX - FIRSTX;
'BEGIN' 'ARRAY' C,L,GR,GI,HR,HI,HARMONIC[0:N]J ;
'BEGIN' 'REAL' G,FIRSTG,LASTG,BACKGROUND,THETA,THETA1,THETA2,
STEPLENGTH, FIRSTIMEG, LASTIMEG;
'INTEGER' Y,FIRSTCOUNTG,LASTCOUNTG;
'COMMENT' FIRSTCOUNTG,FIRSTIMEG,LASTCOUNTG AND LASTIMEG FIX THE 
BACKGROUND LEVEL FOR THE INSTRUMENTAL PEAK;
FIRSTCOUNTG:=READ;
FIRSTIMEG :=READ;
LASTCOUNTG: =READ;
LASTIMEG :=READ;
FIRSTG: =FIRSTCOUNTG/FIRSTIMEG;
LASTG: =LASTCOUNTG/LASTIMEG;
THETA1:=READ;
THETA2:=READ;
STEPLENGTH: =READ;
Y:=READ;
I:=READ;
’FOR’ N:=0 'STEP' 1 ’UNTIL1 N1 'DO'
GR[N]:=GirN]:=0;
'FOR' X:=FIRSTX 'STEP' 1 'UNTIL' LASIX 'DO'
'BEGIN' COUNTG:=READ;
TIMEG:=READ;
G: -COUNTG/TIMEG.;
BACKGROUND:=FIRSTG+(LASTG - FIRSTG)*(X - FIRSTX)/(LASTX - FIRSIX) 
'IF' (X<0 'AND' G=FIRSTG) 'OR' (X>0 'AND' G=LASTG) 'THEN'
G:=0
'ELSE'
G:=G - BACKGROUND;
'IF' G<0 'THEN'
G:=0;
THETA: =IHETA1 +X* STEPLENGTH-FIRSTX* STEPLENGTH;
THETA:=0.0174533*THETA;
'COMMENT' LORENTZ POLARIZATION CORRECTION,
I>1, POLYCRYSTALLINE SPECIMENS,
I<1, SINGLE CRYSTAL SPECIMENS;
'IF' I>1 'THEN'
LORENTZ POLARIZATION FACTOR: =SIN (THETA) *SIN (THETA) *
COS(THETA)/(1+COS(2*THETA)*COS(2*THETA))
'ELSE'
LORENTZ POLARIZATION FACTOR: = (1+COS(2*THETA)*COS(2*THETA))/ 
SIN(2*THETA);
G:=G*LORENTZ POLARIZATION FACTOR;
'FOR' N:=0 'STEP' 1 'UNTIL' N1 'DO'
'BEGIN' GR[N]:=GR[N]+G*COS(PI2*N*X/Y);
Gl[N]:=GI[n ]+G*SIN(PI2*N*X/Y)
'END'
'END*
'END';
'BEGIN' 'REAL' H,FIRSTH,LASTH,BACKGROUND,THETA,THETA1,THETA2, 
STEPLENGTH, FIRSTIMEH, LASTIMEH;
’INTEGER1 Z, FIRSTCOUNTH, LASTCOUNTH;
’COMMENT’ FIRSTCOUHTH,FIRSTIMEH,LASTCOUNTH AND LASTIMEH FIX THE 
BACKGROUND LEVEL FOR THE BROADENED PEAK;
FIRSTCOUNTH: =READ;
FIRSTIMEH: =READ;
LASTCOUNTH: =READ;
LASTIMEH: =READ;
FIRSTH: =FIRSTCOUNTH/FIRSTIMEH;
LASTH: =LASTCOUNIH/ LASTIMEH;
THETA1:=READ;
THETA2:=READ;
STEPLENGTH:=READ;
Z:=READ; .
FACTOR :=READ;
LAMBDA: =READ;
J:=READ;
RANGE:=THETA2-THETA1;
’FOR’ N:=0 ’STEP’ 1 ’UNTIL’ N1 ’DO’
’BEGIN’ HR[N]:=Hl[N]:=0;
L[N]:=FACTOR*N*0.5* LAMBDA/ (SIN(0#0174533*THETA2)- 
SIN (0,01745 33*THETA1) )
’END’;
’FOR' X:=FIRSTX 'STEP' 1 ’UNTIL’ LASIX 'DO'
’BEGIN' COUNTH:=READ;
TIMEH:=READ;
H: =COUNIH/TIMEH;
BACKGROUND: =FIRSTH+ (LASTH-FIRSTH) * (X-FIRSTX) / (LASIX-FIRSTX) ;
H: =H-BACKGROUND;
'IF' H<0 'THEN'
H:=0;
THETA: =THETA1+X*SIEPLENGIH-FIRSTX* STEPLENGTH;
THETA:=0.0174533*THETA;
’COMMENT’' LORENTZ POLARIZATION CORRECTION,
J>1,POLYCRYSTALLINE SPECIMENS,
J<1,SINGLE CRYSTAL SPECIMENS;
'IF' J>1 ’THEN’
LORENTZ POLARIZATION FACTOR :=SIN (THETA) *S IN (THETA)* COS (THETA) 
/(l+COS(2*THETA)*COS(2*THETA))
'ELSE'
LORENTZ POLARIZATION FACTOR:=(l+COS(2*THETA)*COS(2*THETA))/ 
SIN(2*THETA);
H:=H*LORENTZ POLARIZATION FACTOR;
'FOR' N:=0 'STEP' 1 'UNTIL' N1 'DO'
'BEGIN' HR[N]:=HR[N]+H*COS(PI2*N*X/Z);
HI[N]:=HI[N]+H*SIN(PI2*N*X/Z)
'END'
'END'
'END';
'FOR' N:=0 'STEP' 1 'UNTIL' N1 'DO'
'BEGIN' P: = (GR[N]*GR[N]) + (GI[N]*GI[N]);
Q:=(HR[N]*GR[N])+(HI[N]*GI[N]);
FR:=Q/P;
'IF' N=0 'THEN' FRO:=FR;
R:=(HIEN]*GR[N])-(HR[N]*Gl[N]);
FI:=R/P;
A:=FR/FRO;
B:=Fl/FRO;
C[N]:=(A*A+B*B)+0.5;
HARMONIC[N]:=N*FACT0R;
PRINT(HARMONIC[N],2,3);
SPACE(2);
PRINT(L[n],2,4);
SPACE (2);
PRINT(A,1,6);
SPACE(2);
PRINT(B,1,6);
SPACE(2);
PRINT(GRt N),1,6);
SPACE(2);
PRINT(Gl[N] ,1,6);
SPACE(2);
PRINT(HR[N],1,6);
SPACE (2);
PRINT(HI[N],1,6);
NEIVLINE(2)
'END'; .
WRITETEXT('('INTEGRAL^BREADTH')');
SPACE(2);
’COMMENT’ THE PROGRAM CALCULATES FOURIER COEFFICIENTS FOR INTEGER AND
INTERMEDIATE N VALUES. THIS IS A FORM OF INTERPOLATION» N INTEGER VALUES
ONLY HAVE REAL MEANING AND ARE USED TO CALCULATE BETA;
’BEGIN’ 'REAL' A,RECIP;
RECIP:=l/FACTOR;
A:=0;
’FOR’ N:=0 ’STEP’ RECIP ’UNTIL’ Nl-RECIP ’DO’
A:=A+C[N];
E:=A
'END';
BETA:=2*RANGE*0.0174533/E;
THETAO:=THETA0*0.0174533;
BETASTARSQUARED:= CBETA*COS (THETAO) ./LAMBDA) 12;
DSTARSQOARED:=(2*SIN(THETAO)/LAMBDA)12;
PRINT(BETA,1,6);
NEWLINE(2);
WRITETEXTC (" ('2C') 'BETASTARSQUARED' ('6S')'DSTARSQUARED' ('2C') ") ') ; 
PRINT(BETASTARSQUARED,0,8);
SPACE (4);
PRINT(DSTARSQUARED,0,8);
NEWLINE(2)
'END';
'IF' K NUMBER OF DATA SETS 'THEN' 'GOTO' SlC21 
'END';
The program takes an equal number of broadened and 
instrumental intensity data and subtracts the background and 
corrects for the Lorentz-Polarization Factor. The background 
is assumed to be linear across the peak profile. The program 
can calculate the Fourier coefficients at non-integer values 
of nf. This is a form of interpolation although the non­
integer values have no real physical meaning.
The equations for the Fourier coefficients of the broad­
ened and annealed peaks allow these to be combined for equal 
values of the harmonic number n1 despite the fact that the peaks 
may have been subdivided differently.
The calculation of the non-integer Fourier coefficients and 
combining these to give A(L) and B(L) at equal values of n f is 
done by the correct setting of Y and Z.
The &o position is taken as the centre of gravity of the 
peak. The centres of gravity of the instrumental and broadened 
peak are aligned before carrying out an analysis. This avoids 
undesirable oscillations in the Fourier coefficients.
INPUT VARIABLE NAMES USED IN PROGRAM S251
VARIABLE NAME MEANING
General
FIRSTX
LASTX
THETAO
IHETA1
THETA2
STEPLENGIH
LAMBDA
Instrumental Peak
FIRSTCOUNTGV 
FIRSTIMEG /
LASTCOUNTG 1 
LASTIMEG J
COUNTG
TIMEG
Broadened Peak
FIRSTCOUNTH ^ 
FIRSTIMEH J
LASTCOUNTH ^  
LASTIMEH J
COUNTH
TIMEH
Negative integer value assigned to first value 
of h(x) or g(x).
Positive integer of the same magnitude as FIRSTX. 
Corresponds to the last value of h(x) or g(x).
Centre of gravity of peak, eo.
Angular position, e^ , corresponding to the start 
of the peak.
Angular position, corresponding to the end 
of the peak.
0° value of the length of subdivision of the 
peak.
Wavelength of X-radiation.
Number of counts and the time, fixing the 
background level at the FIRSTX position.
Number of counts and the time, fixing the 
background level at the LASTX position.
Number of counts recorded at the position X.
Time taken to record the above number of counts.
Number of counts and the time fixing the 
background level at the FIRSTX position.
Number of counts and the time fixing the 
background level at the LASTX position.
Number of counts recorded at the position X.
Time taken to record the above number of counts.
APPENDIX 2
THE CALCULATION OF THE LINE-PROFILE VARIANCE.
The observed profile is considered as a true peak superimposed on 
a linear background. The intensity 1^  is measured at discrete intervals
A0 and angular distances 8^  are measured from the upper limit 8Z.
The second moment of the observed profile about 0 is given by
n+1 n+1
<4 = z {I. [Cn - i + 1) asI2}/ El. -(1)
1 i=l 1 i=l 1
The second moment of the observed profile is equal to the sum of 
the second moments of the true line profile, a£, and the background 
profile, a|.
af = aL  + aB  ~ ®
Using equations (1) and (2) the following expression for a£ can 
be found:
“L = U
Sn+1 1“r l Sn+l^Ae)^
2 JCA0)2 "(3)
n+1
where i|; = 2 [I. (n - i + 1)2] ,
i=l 1
r = I-g/I-p (Ratio of total background to total observed
n+1 intensity),
and S = E I. . 
n+1 i=i 1
The second moment of the background can be calculated by considering 
the sloping and steady part of the background separately.
a| = lz  n(2n + 1) - n(n + 1)5^  
LB 6 2 B
(A0)2 -(4)
z is the background intensity at 0 , B the average backgroundz
intensity, l{a + z), and 6 the rise in the background, (z - a). a is 
2
the background intensity at 0&.
Substituting equation (4) into equation (3), the expression for 
a£ becomes
aL = ( 1 + r r ifj - z.n(2ri + 1) + n(n + l)6l"|(A0)2
' S_., 1-r S ... B 6 2B
_________ _  " (5)
, . , T* 6 9T5 '
n+1 n+1
The reduced second moment or variance, W, of the true line profile 
about its centroid is given by
W = a2 - l2 -(6)
where 1^ is the first moment of the true line profile and is given
by the following expression:
1L = ( ZS + r TzS - _z.n + . (2n + 1)]] A0 -(7)
®n+l ^ K + l .  B 2  3B
n+1
where zS = E S., and 
i=l 1
Si = I l + I 2 + ......+ I i
Therefore, the variance of the true line profile is given by
W = I jb + r r^ - z.n(2n + 1) + n(n + 1) .6/)(A0)2
Sn+1 ^ k + l :  B 6
- ( zS + r 
*n+l.
ZS - z.n + 6 . (2n + 1)
1-r . S .- B 2 3B n+1
(A0)2 -(8)
This equation allows the variance to be computed from the observed 
intensities for any background level and for any range.
A computer program was written in ICL 1905F Algol to calculate W 
using equation (8). The program uses the array of intensities 1^  ... In+^
to calculate the variance for decreasing background levels. After one 
cycle the range is reduced by one increment of A0 from each end, and the 
variance of the array -I is calculated for the different background
levels.This procedure of steadily reducing the range over which the variance 
is calculated is repeated a predetermined number of times.
The program enabled the variance-range functions to be plotted out 
using a graph plotter as well as printing the results out on a line printer.
The variance values are grouped into a two dimensional array W(C,X).
C is a background parameter and X a range parameter.
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'LIBRARY1 (ED,SUBGR0UPSRA3,SUBROUTINES)
'LIBRARY' (ED,SUBGROUPPLOT,SUBROUTINES)
'LIBRARY' (ED,SUEGROUPSRF7,SUBROUTINES)
'SEND TO’ (ED,SEMICOMPILED,.ZZZZ)
'PROGRAM' (S252)
'COMPACT DATA’
'BEGIN' 'REAL' B,BY,BZ,DT,IB,IT,S,SMS,THI,X1,Y1,R,RANGE,XMIN,DX, 
YMIN,DY,0,P,Q,BGC,DELTA;
'INTEGER' A1,H,I,J,K,M,N,X,COUNT,Y,Z,F,C,Ml;
'REAL' 'ARRAY' A [1:4];
’SWITCH' SL:=L1,L2,START;
'PROCEDURE' SUM(D,E);
'ARRAY' D;
'REAL* E;
'BEGIN' ’REAL’ A;
A:=0;
'FOR' I:=Y 'STEP' 1 ’UNTIL' Z ’DO'
'BEGIN' A:=A+D[I]
'END';
E:=A
'END';
'COMMENT' THE FOLLOWING ARE STANDARD GRAPH PLOTTER PROCEDURES 
AND ARE DECLARED BECAUSE THEY ARE IN FORTRAN;
'PROCEDURE' STRARR(A,N,S);
’ARRAY' A;
'INTEGER' N;
'STRING' S;
'EXTERNAL';
'PROCEDURE* HGPTAPE (L,B,I,J,K);
'VALUE' L,I,J,K;
'INTEGER' L,I,J,K;
'ARRAY' B;
'EXTERNAL';
'PROCEDURE' HGPLOTT(X,Y,I,J);
'VALUE' X,Y,I,J;
’REAL' X,Y;
'INTEGER' I,J;
'EXTERNAL';.
'PROCEDURE' HGPSYMBLT(X,Y,HEIGHT,BCD,THETA,N);‘
'VALUE' X,Y,HEIGHT,THETA,N;
'ARRAY' BCD;
'INTEGER' N;
'REAL' X,Y,HEIGHT,THETA;
'EXTERNAL*;
'PROCEDURE' GSCALE(X,N,S,XMIN,DX);
’VALUE' N,S;
’ARRAY' X;
'INTEGER' N;
'REAL' S,XMIN,DX;
'EXTERNAL';
'PROCEDURE' HGPAXIST(X,Y,A,N,S,TH,XM,DX);'
'VALUE' X,Y,N,S,TH,XM,DX;
'REAL' X,Y,S,TH,XM,DX;
’INTEGER' N;
'ARRAY' A;
'EXTERNAL';
'COMMENT’ END OF GRAPH PLOTTER PROCEDURES;
J:=0;
SELECT INPUT (3);
STRARR(A,N,' ('OFFLINE$S252') ') ;
HGPTAPE(0,A,0,0,1);
STRARR(A,N,'('VARIANCES252')') ;'
HGPTAPE(1,A,0,0,1);
HGPL0TT(0.0,O.O,14,1);
COUNT:=READ;
LI: J:=J+1;
WRITETEXTC (" ('P') 'L.J.PORTERIS252’ ( W ) 1') V) ;
'COMMENT' THE FOLLOWING ALLOWS HEADINGS TO BE READ IN AND PRINTED 
OUT. ALL HEADINGS MUST BE TERMINATED BY /;
START :M1:=READCH;
'IF' M1=C0DE('('/')') 'THEN' 'GOTO' SL[2] 'ELSE'
'BEGIN' PRINT CH(M1); 'GOTO' SL[3]
'END';
L2: WRITETEXTC' (" ('2C') 'HALF^ANGULAR^RANGE’ C'lOs') '
VARIANCEIFOR^DECREASING^BACKGROUND1 C’^ C’) 1 ’) ’)V 
N:=READ;
'BEGIN' 'REAL' 'ARRAY’ COUNTIl,TIMEIl,Il[l:N+l];
’FOR' I:=1 ’STEP’ 1 ’UNTIL’ N+1 ’DO’
’BEGIN’ COUNTIl[l]:=READ;
TIMEIl[l]:=READ;
I1[I]:=COUNTI1[IJ/TIMEI1[I1 
’END’;
DT:=READ;
F:=READ;
0:=READ;
P:=READ;
Q:=READ;
M:=(Q-0)/P+l;
K:=M*F;
’BEGIN’ ’REAL’ ’ARRAY’ SIGMA[l:F],KLSQ,LS,LSQ,w [i :M,1:f ]; 
’FOR’ X:=l ’STEP' 1 ’UNTIL’ F ’BO’
’BEGIN’ Al:=N+2-2*X;
RANGE:=A1*DT;
’IF' X=F ’THEN’
SIGMA[Xj:=0 
’ELSE’
SIGMADG:=Al*DT/2;
PRINT (SIGMA[Xj,0,8);
SPACE(4);
Y:=X;
Z:=N+2-X;
'BEGIN' ’REAL’ ’ARRAY’ NEWI,SQl[Y:Z];
'FOR' I:=Y ’STEP’ 1 'UNTIL' Z ’DO’
’BEGIN' NEWl[l]:=Il[l];
SQI [I]: =NEWI [I]* (Al-I+Y) * (Al-I+Y)
’END’;
’BEGIN’ ’REAL’ ’ARRAY' Sl[l:Al];
SMS:=0;
’FOR’ H:=l 'STEP' 1 ’UNTIL’ A1 'DO'
’BEGIN’ Sl[H]:=0;
'FOR' I:=Y 'STEP' 1 ’UNTIL’ Z-H 'DO'
SI[h ]:=SI[H>I1[i];
SMS:=SMS+SI[H]
'END'
’END’;
SUM(NEWI,S);
IT:=S*DT;
SUM(SQI,THI);
DELTA:=Il[N+l]-Il[l];
'FOR' BGC:=0 'STEP' P 'UNTIL' Q 'DO'
'BEGIN' C:=(BGC-0)/P+l;
BY:=I1[1]-BGC+(Y-l)*DELTA/N;
BZ:=11[1]-BGC+(Z-l)*DELTA/N;
B:=0.5*(BY+BZ);
IB:=RANGE*(BZ+O.5*(BY-BZ));
R:=IB/IT;
X1:=THI/S;
Y1:=SMS/S
KLSQ[C,X]:=(X1+(R/(1-R) )*(X1-BZ*A1*(2*A1+1)/(6*B) 
+A1*(Al+1)*DELTA/(2*B)))*DT*DT;
LS[C,X]:=(Y1+(R/(1-R))*(Yl-BZ*Al/(2*B)+(2*A1+1)*D 
ELTA/(3*B)))*DT;
LSQ[C,X]:=LS[C,X]*LS[C,x];
'IF' X=F 'THEN'
W[C,X]:=0
'ELSE'
W[C,X]:=KLSQ[C,x]-LSQ[c,x];
PRINT (W[C,X],0,8);
SPACE(2)
'END'
'END';
NEWLINE(2)
'END';
STRARR(A,N,'('VARIANCES2S2')'); 
HGPTAPE(1,A,0,0,1);
HGPL0TT(0.0,22.0,0,4);
GSCALE(SIGMA,F,20.0,XMIN,DX); 
GSCALE(W,K,20.0,YMIN,DY);
STRARR(A,N,'('SIGMA')'); 
HGPAXIST(0.0,0.0,A,N,20.0,0.0,XMIN,DX); 
STRARR(A,N,'('VARIANCE')'); 
HGPAXIST(0.0,0.0,A,N,20.b,90.0,YMIN,DY); 
STRARR(A,N,'('X')');
' FOR'X: =1'STEP'1'UNTIL'F'DO'
'BEGIN " FOR'C:=1'STEP'1'UNTIL'M'DO' 
HGPSYMBLT(SIGMA£X],W[C,X],0.025,A,0.0,1)
'END';
HGPLOTT (SIGMA[1],W[M,F],3,0); 
HGPLOTT(O.O,O.O,0,2)
'END'
'END';
'IF'J<COUNT 'THEN' 'GOTO' SL[l] 
STRARR(A,N,'('VARIANCES252')'); 
HGPTAPE(1,A,0,0,1);
HGPTAPE(2,O.O,O,O,0);
'END';
VARIABLE NAMES USED IN PROGRAM S252.
MEANING
The number of steps in the peak profile, n.
The number of counts recorded at the position 9^ .
The time taken to record the above number of 
counts.
The step length, A6, in radians.
The maximum number of steps, from each end of the 
peak, reducing the range over which the variance 
is calculated.
Initial background level parallel to the level 
defined by 1^  and In+ »^
Incremental reduction in background level.
Final background level.
Other important variables.
X The number of steps, from each end of the peak,
reducing the range over which the variance is 
calculated.
C An integer label assigned to a certain background level.
Values range from 1 to M.
SIGMA[X] Half the total angular range, 2a radians.
NEWI[I] Intensity array IlCY] ....  Il[Z], where Y=X and
Z=N+2-X.
BY The value of the background intensity X number of
.steps in from 9a*
BZ The value of the background intensity X number of
steps in from 0z.
IB The total background intensity.
IT The total observed intensity.
Functions appearing in equations (6) and (8).
W[C,X] W
KLSQ[C,X] af
VARIABLE NAME
Input Variables. 
N
C0UNTI1[I]
TIME1[I]
DT
F
0
P
Q
LSQ[C,X] 1I
THI $
S S 'n+1
R r
BZ z
A1 n (Variable value of n)
B B
DELTA 6
DT A0
SMS IS
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SUMMARY
Hafnium, carbide can be plastically deformed by ball-milling and exhibits mark­
ed anisotropic behaviour when deformed. The <ioo> directions are relatively plastic 
compared with more brittle behaviour in the <no>  directions, where cleavage occurs. 
The annealing curves suggest a recovery and recrystallisation process, as in metals. 
The hafnium carbide lattice is remarkably stable at high temperatures compared with 
other transition metal carbides, microstrains annealing out at nearly double the tem­
perature of tungsten carbide. Ball-milling at various temperatures shows an increase 
in deformation with temperature.
INTRODUCTION
Hafnium carbide has been one of the least investigated of the carbides, because 
of its limited availability. Hafnium is now becoming increasingly available as a by­
product from the production of pure zirconium for reactor uses, and hafnium carbide 
should, therefore, become increasingly available. It has the highest melting point 
(3890°C) of any of the transition metal carbides. Recent work has shown that the ad­
dition of hafnium carbide to hard carbide alloys gives beneficial results1.
One difficulty in investigating the mechanical properties of hafnium carbide is 
that single crystals are not available. It was, therefore, decided to study the defor­
mation characteristics of powders, using ball-milling and subsequent X-ray line- 
broadening analysis. This method has been succesfully applied previously to tungsten 
carbide and it has been demonstrated that the behaviour of tungsten carbide powder 
during severe ball-milling is similar to that experienced during wear in the form of tool 
tips and single crystals2.
In the present work, hafnium carbide was ball-milled at room and higher tem­
peratures in order to determine the effects of mechanical deformation on the material. 
The deformation produced was studied using the techniques of X-ray diffraction line- 
broadening. The annealing characteristics were also determined.
X-RAY DIFFRACTION TECHNIQUES
X-ray line-broadening may be produced by microstrains, small crystallite
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sizes and instrumental effects. The crystallite size effect may include faulting terms. 
The microstrains are caused by the strain fields associated with dislocations.
The Fourier method of W arren a n d A verbach3-4 was used to determine the 
microstrain and crystallite sizes of the deformed hafnium carbide. This method is based 
on the fact that a diffraction line profile can be expressed as a Fourier series.
W arren an d A verbach consider the crystallites in terms of adjacent unit 
cells over a column length L. Each column gives rise to a term of amplitude A(L) in 
the Fourier series forming the profile. From a study of the various A (L) ’s for different 
L ’s, values of the crystallite size and microstrain can be obtained. The experimentally 
observed line profile is a convolution of the profiles resulting from instrumental and 
specimen effects. To determine the instrumental effects, a well annealed sample is 
used. The Fourier coefficients of the worked and annealed profiles are determined 
and the coefficients of the profile, corrected for instrumental effects, are extracted by  
the de-convolution method of Stokes5. An ICL 1905F computer was used for these 
calculations. The resulting cosine Fourier coefficients, A(L), consist of two compo­
nents, A FF(L), due to crystallite size and faulting, and a microstrain component. The 
crystallite size term is independent of the order of reflection in reciprocal space where­
as the microstrain term is not. This allows the two terms to be separated, provided 
that multiple orders of reflection are present. The following equation is used:
2712 ■\£z<2/> L  3In A(L) =  In A FF{L)
d2
<EL2')i  is the root-mean-square strain averaged over all distances L within 
the crystallite. The distance L  is normal to the planes of inter-planar spacing d. A  
graph of In A(L) vs. xfd2 for varying values of L  will have intercepts of In A FF(L) and 
slopes of — 27t2<6z,2>L2. The values of A(L) for each reflection are interpolated from 
graphs of A(L) vs. L. The values of <ez,2>* can be plotted against L. Finally, the crys­
tallite size D  is determined by plotting A FF (L) vs. L and extrapolating to the zero 
value of A FF(L) where the value of L  then becomes the effective crystallite size, D, in 
that direction.
In this paper the microstrain values ^ez,2)*  at L =  100 A have been used 
to study the deformation characteristics. Values of <ez,2)*  at small L (L < 5 0  A) are 
highly sensitive to slight changes in the Fourier coefficients and therefore are rather 
less reliable.
EXPERIMENTAL DETAILS
The hafnium carbide used in all the experiments was supplied by the Materials 
Research Corporation. The cubic transition metal carbides are prone to penetration 
by oxygen and nitrogen atoms. Carbides with these impurities give line profiles of 
complex shape6. The as-received hafnium carbide gave well resolved line profiles, 
suggesting that oxygen or nitrogen contamination was not a major problem. On the 
basis of lattice parameter measurements its composition was found to be HfCo.957.
Dry ball-milling of hafnium carbide powders at room temperature was carried 
out in a tungsten carbide pot, using a Glen Creston M280  mixer mill. The cobalt-bond­
ed tungsten carbide vessel measured \  in. diam. x i |  in. height. A |  in. diam. tung­
sten carbide ball was employed and milling times of 1 , 2 , 4  and 8 h were selected.
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The annealing experiments were carried out in a Spembly carbon furnace. 
The hafnium carbide, after ball-milling, was annealed in an argon atmosphere and 
in the presence of lampblack to prevent decarburization. A graphite crucible was 
used; annealing temperatures were up to 275o°C. All the samples were annealed for 
2 h at the various temperatures.
The high-temperature milling was performed in another Glen Creston mill 
with the pot inside a muffle furnace (details to be published later). This mill had a 
vertical reciprocating motion. It was designed to vibrate at 700  rev./min with an am­
plitude of f  in. An Inconel shaft and clamping assembly carried a tungsten carbide pot. 
The dimensions of the pot were § in. diam. x 1  ^ in. height. A f  in. diam. tungsten 
carbide ball was used. This assembly projected into the muffle furnace. Milling was 
carried out in an argon atmosphere to prevent any oxidation problems. A charge of 
4  g was used, and samples were milled for 1 h at temperatures up to 8 oo°C.
The X-ray diffraction line profiles were recorded using a diffractometer. This 
had a Philips X-ray generator and goniometer, with Panax electronic counting 
equipment. Automatic step-scanning facilities were available. Ni-filtered Cu radiation 
was used. A fixed count step-scanning technique was employed. The time taken to 
record io 4 counts was printed out on a Teletype machine.
The instrumental profiles were determined from an as-received sample an­
nealed at 275o°C. Only those diffraction line profiles that were sufficiently isolated 
were recorded. There were two sets of multiple orders obeying this condition, the 
2 0 0 -400  and 220 -440  reflections.
ESTIMATES OF ACCURACY
Random measurement errors are not as important in line broadening analysis 
as systematic errors. The main systematic error arises from the choice of a background 
level to be associated with a diffraction peak. The total error in the microstrain and 
crystallite sizes was estimated to be approximately 5 %.
RESULTS AND DISCUSSION
Room temperature ball-milling
In Fig. 1 the variation of microstrain with increasing milling time is shown. 
There is a sharp initial rise and a general leveling off after 4  h. Figure 2 shows the corre­
sponding decrease in crystallite size.
A greater amount of microstrain was induced in the <ioo> type directions than 
in the <no>  type directions. The smaller crystallite size and lower microstrain in the 
<iio> directions suggest that cleavage is occurring on {110} type planes and that the 
cleavage is relieving the microstrain.
No'peak shifts’were observed,"and therefore stacking-faults were not produced 
during the'deformation. This contrasts with the behaviour of tungsten carbide, where 
stacking faults"were’produced easily2. There was no evidence to suggest twin-faulting.
Annealing experiments
Figures 3 and 4  show the relief of microstrain and the increase in crystallite size 
on heating to high temperatures. Just as it was possible to induce more strain in the
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<ioo> directions by milling, so it was possible to relieve more strain in this direction 
by annealing. The strain relief process in the <ioo> directions was similar to that 
normally observed during the recovery and recrystallization of metals. At 275o°C, 
approximately 10 % of the microstrain in the <ioo> directions was retained. In 
contrast, more microstrain in the <(no) type directions was retained after annealing 
and, at 275o°C, 5 0 % of the microstrain was still retained. There was a corresponding 
smaller increase in crystallite size. It was not possible to go above 275o°C but the 
annealing curves suggest that at 30 0 0°C most of the microstrain in the ( n o )  type 
directions would be relieved.
During the annealing experiments, no change in the lattice parameter was 
observed. This indicates that the composition of the hafnium carbide remained the 
same.
The annealing curves for tungsten carbide have been previously determined8, 
and it was found that most of the microstrain was annealed out in the region of I 200°C 
to i6oo°C, contrasting with 2000°C to 275o°C for hafnium carbide. Annealing pro­
perties for tantalum and niobium carbides have been investigated by G i l l i e s 6, and 
found to resemble those of tungsten carbide. Thus, hafnium carbide seems to have 
unique high-temperature properties among the transition-metal carbides.
High-temperature m illing
The effect of increasing the ball-milling temperature is shown in Figs. 5 and 6 . 
There is a gradual increase in the microstrain, coupled with a decrease in the crystal­
lite size as the temperature is increased. The greater microstrain is induced in the <xoo> 
directions as before. Similar work done by the authors on tungsten and tungsten car­
bide has shown a general decrease in microstrain with increasing milling temperature.
5 0 0
d (A )
4 0 0
■*<100>
300
200 < 110>
100
8 0 02 0 0  4 0 0  6 0 0
Milling te m p e ra tu re  (°C)
3.0
°<
—  < 100>2.5
2.0
< 110>
1.5
1.0
8 0 02 0 0  4 0 0  6 0 0
Milling te m p e ra tu re  (°C)
F ig . 5. The effect of increasing m illing tem perature on the  m icrostrain.
F ig . 6. The effect of increasing m illing tem perature on the  crysta llite  size.
The shearing action in the ball mill is very similar to the deformation processes 
in wear problems, and thus the ball-milling results should give a useful insight into 
how hafnium carbide will deform under wear conditions.
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CONCLUSIONS
Ball milling HfC induces microstrain and reduces the crystallite size. This be­
haviour is similar to that found in other carbides9. There was no evidence of faulting. 
The HfC exhibited a marked anisotropy in its behaviour. In the <ioo> directions, it is 
relatively plastic compared with its more brittle behaviour in the < iio>  directions, 
where cleavage occurs.
On annealing HfC, more strain relief occurs in the <ioo> directions. The an­
nealing curves suggest a recovery and recrystallisation process, as in metals. The <ioo> 
directions are more amenable to plastic deformation, and to the removal of the effects 
of such deformation by annealing. Hafnium carbide has a uniquely stable crystal lat­
tice at high temperatures compared with other transition metal carbides. For exam­
ple, microstrains in hafnium carbide anneal out at nearly double the temperature of 
tungsten carbide. It thus seems to have a great potential for high-temperature appli­
cations, particularly where hardness is important.
Ball-milling, at various temperatures, showed an increase in deformation with 
temperature.
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Plastic Deformation in Tungsten Carbide
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(Received 21 May 1969)
N The practical importance of tungsten monocarbide prompted an investigation into its wear mechanism. 
Initial studies on ball-milled tungsten carbide powders revealed considerable plastic deformation, 
coupled with a reduction in crystallite size. Deformation stacking faults, involving slip on the basal 
plane, were observed. The work was extended to sintered blocks, too! tips and single crystals. Studies 
on the worn surfaces of these revealed plastic deformation that extended to a depth of a few microns 
below the surface. The plastic deformation is an important factor in the wear of tungsten carbide.
Introduction
Tungsten monocarbide is a brittle material, with a 
hardness on the Mohs scale of + 9 . It crystallizes with 
a simple hexagonal structure (a=2-900, c —2*831 A). 
The carbon atoms occupy interstitial sites. Unlike the 
cubic transition metal carbides in groups 4 and 5 of  
the periodic table, tungsten monocarbide is usually 
stoichiometric.
Tungsten monocarbide is the most important con­
stituent of modern cemented hard metals. These are 
produced by sintering hard carbides with a relatively 
soft binder, such as cobalt.
In this work, an attempt has been made to explain 
the mechanism of wear in tungsten monocarbide. 
Studies were carried out on the mechanical deforma­
tion of tungsten carbide powders, sintered blocks and 
single crystals, using X-ray diffraction line broadening 
analysis. Gillies & Lewis (1968) have studied ball- 
milled tungsten carbide powders, and found that con­
siderable microstrain could be induced. This was ac­
companied by a reduction in the crystallite size. The 
magnitude of the microstrain was comparable to that 
induced by filing the parent'metal tungsten.
X-ray line broadening may be produced by micro­
strains, small crystallite sizes and instrumental effects. 
The crystallite size effect may include faulting terms. 
The three principal techniques o f X-ray diffraction line 
broadening analysis are the integral breadth method 
(Laue, 1926), the Fourier method of Warren & Aver­
bach (1949) and the variance method (Toumarie, 1956; 
Wilson, 1962). The variance method has the advantage 
of not requiring multiple orders o f reflexion to separate 
microstrain and crystallite size terms, and of enabling 
the correct background to be determined analytically 
(Langford & Wilson, 1963). All three methods were 
used to interpret the X-ray diffraction line profiles ob­
tained.
Experiments on milled tungsten carbide powders
Ball milling was found to be the most convenient way 
of mechanically deforming powders, and the initial
studies were carried out on ball-milled tungsten carbide. 
The ball milling was carried out using tungsten carbide 
pots and balls. A  charge o f 10 g was used throughout. 
The original powder was practically strain free, and 
had a particle size of approximately one micron. The 
broadened peak profiles were scanned on a Philips 
diffractometer. Copper Ka  radiation, at 36 kV and 
20 mA, was used. Annealed tungsten carbide powder 
was used to correct for instrumental effects.
In Fig. 1 the variation o f ( f* )2 with (J *)2 for increas­
ing milling time is shown. /?* is related to the integral 
breadth ft by the expression /?*=/? cos 0 /2  and d* =  
2 sin 6/X. The integral breadth, /?, corrected for instru­
mental effects, was obtained from the Fourier coeffi­
cients of the corrected line profile calculated by the 
de-convolution method of Stokes (1948). Plotting (fi*)2 
against (d*)2 allows the microstrain, s, and crystallite 
size term, D, to be separated using the equation
(/? *)2 — 1/D2+ ( led * )2 ,
(Wagner, 1965). Only those reflexions that were well 
separated from others could be used. The integral 
breadth results are subject to an experimental error of  
approximately 5%.
The scatter of the points is a result o f irregular 
shaped crystallites, faulting and the variation o f bond 
strength with direction. The diffraction lines with 
h —k —3N  ± 1 are generally broader than the remainder. 
In particular, the increase in broadening o f the 1011 
and 2021 lines with greater milling time is very marked.
A  similar effect is observed in close packed hexagonal 
metals. Warren (1958) has shown that stacking faults 
involving mistakes on the close packed basal planes 
are responsible for the extra broadening. A  similar argu­
ment can be applied to tungsten carbide. Stacking 
faults on the basal planes give a crystallite size term 
that is only present for those lines with h —k =  3 N ±  1, 
/ 7 0^ . The unaltered lines correspond to reflecting 
planes that have structure factors unaltered by the 
fault displacements. Growth stacking faults and de­
formation stacking faults can occur. It is possible to 
determine the probability of both o f the types o f stack­
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ing fault occurring, but lines with h —k = 2 > N ± \,  I even 
and odd, are required to separate the two effects.
The deformation stacking fault is produced by a 
single slip process. In Fig. 2 it is illustrated how slip 
on the basal plane can produce a stacking fault. The 
normal stacking sequence can be written AaAaAaL..  
The unit slip dislocation, with Burgers vector a[1120], 
can dissociate into two partial dislocations bounding 
a narrow ribbon of stacking fault, according to the 
following reaction: '
a[1120] ->  fl/j/3 [0 ll0 ]+ a /j/3 [10 l0 ].
As the energy o f a dislocation is approximately pro­
portional to the square of the Burgers vectors mod­
ulus, this dissociation is energetically favourable. The 
resulting stacking sequence is A aA bB bB .. .  This is 
equivalent to a deformation stacking fault in close 
packed hexagonal metals. The greater broadening of 
the 1011 and 2021 lines can therefore be explained in 
terms of deformation stacking faults. As there were no 
well separated lines with h —k = 3 N ± l ,  and / even, it 
was not possible to separate the growth fault term, 
and so determine the deformation stacking fault prob­
ability.
Previous experiments to determine the slip systems 
of tungsten carbide have shown the prismatic slip sys­
tem <1120) {1100} only (Takahashi & Freise, 1965); 
these experiments were performed at room tempera­
ture. Takahashi & Freise suggested that slip on the 
basal plane may occur at higher temperatures, and 
such temperatures may be induced in the milling pro­
cess.
Studies of worn surfaces
Sintered blocks and tool tips
On extending the work to blocks o f sintered tungsten 
carbide, considerable line broadening was found to be 
associated with worked surfaces. The broadening for 
the higher order lines was less than would have been 
expected, and an attempt was made to explain this.
Microstrains were induced in pure sintered poly­
crystalline tungsten carbide discs by grinding on a 
surface grinder, with a diamond impregnated wheel. 
To avoid any spurious effects from a severely rough­
ened surface, the discs were finely polished with dia­
mond paste. Tungsten carbide end caps used in the 
ball mill were also examined. The surfaces of these 
were deformed by the impact action of the tung­
sten carbide balls. The broadened peak profiles were 
scanned as before.
X-rays incident up6n a flat specimen may be re­
garded as being reflected from an effective thickness, 
as a result o f absorption. The effective thickness of a 
polycrystalline specimen reflecting X-rays incident on 
a flat surface is given by t{9) =  l /(2/t cosec 6), where 
fi is the linear absorption coefficient, and 0 the glancing 
angle (Wilson, 1950). Measurements of line broad­
ening for different hkl values must therefore refer to 
different values of the effective thickness t(Q). If, for
different effective thickness, the deformation is not 
constant, different order reflexions will be broadened 
by varying amounts as a result o f different average
30 r
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Fig. 1. The variation of (A*)2 with (d*)2 for tungsten carbide 
powder, ball milled for 1, 2 and 4 hours.
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W tf/I'3 [0 1 T 0 ]  
«[1120]\^  a/l3[1oTo]
(c)
IN THE PLANE © c/2  ABOVE THE PLANE
Fig. 2. The production of a deformation stacking fault. Pos­
sible sites for the atoms are A,B  (tungsten atoms) and a,b 
(carbon atoms).
(a) The normal stacking sequence. (b) Stacking fault sequence 
produced by the partial slip dislocation a/j/3 [0110]. (c) The 
partial slip dislocation a/|/3 [lOlO] restores the original se­
quence and the total path covered is equivalent to the unit 
slip dislocation a[1120].
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deformations. Thus, methods o f line broadening anal­
ysis which separate microstrain and crystallite size 
terms using multiple orders o f reflexion, cannot be 
used in this type o f problem. The remaining method 
is the variance method, which allows microstrain and 
crystallite size to be separated by an analysis o f one 
peak. The low order peaks are a result o f diffraction 
in the highly deformed surface layers o f the disc, 
whereas high order peaks include diffracted X-rays 
from the less deformed regions some way from the 
surface. This effect was investigated by electrolytically 
etching layers off the sample, and analysing the broad­
ened peaks at each stage. The electrolyte used was a 
solution of sodium hydroxide (10%) and potassium  
ferricyanide (10%) in water. The operating voltage was 
2V. The unworked surfaces were covered with lacquer, 
to avoid electrolytic action. The amount o f material 
removed was found by measuring the weight loss. It 
was found that a variable strain distribution existed 
(Fig. 3), and extended to several microns below the 
surface. The microstrain normal to (1011) planes, ob
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Fig. 3. The distribution of microstrains below a worked surface
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Fig.4. The variation of (fi*)2 with (d*)2 for a worked single 
crystal of tungsten carbide.
tained by a variance analysis, was plotted against a 
depth x , measured from the original surface. The depth 
,x  is given by the sum o f the amount o f material re­
moved and the average value o f the effective thickness 
t(6).  The exponential curve e (x )= 0-006 exp ( —0-5x) 
is seen to be a good fit to the experimental points.
The extent and distribution o f the deformed layers 
is in good agreement with metallographic observa­
tions. Hardness measurements using different loads, 
so that the diamond indenter penetrates to different/ 
depths, have been carried out by Miyoshi, Hara & 
Sugimoto (1967). Plotting hardness against half the 
depth o f  the indentation gives a similarly shaped curve 
to that o f the distribution o f microstrains. Mechanical 
deformation causes work hardening o f the tungsten 
carbide near the surface. As in metals, work hardening 
and microstrains are associated.
It is possible to obtain the actual microstrain distri­
bution by an analysis o f multiple orders o f reflexion. 
Consider microstrains normal to a particular set o f  
(hkl) planes. The distribution o f microstrain with depth 
(x) below a specimen surface can be represented by 
a function e(x). The microstrain obtained from a vari­
ance analysis o f one peak is the value obtained when 
e(x), modified by an absorption factor, is averaged 
from zero to infinity. The average microstrain will be 
given by the following expression:
/»OO /ICO
£hki =  \  £(x)exp (—Mhkix)dxj \  exp ( ~ M hkix)dx 
Jo Jo
where Mhki =2ju cosec 6 and exp ( —Mhkix) is the ab­
sorption correction.
The results shown in Fig. 3 suggested that e(x) has 
an exponential form. If the average microstrain enki 
is known for two or more orders and it is assumed 
that s (x )= A  exp ( —ax), the above integration can be 
carried out for each hkl reflexion, and the equations 
solved to give A  and a.
This theory was applied to the block considered in 
Fig. 3. The distribution was obtained by analysing the 
1010 and 3030 peaks. A  variance analysis gave the 
following average microstrains.
hkl 0° Shki Mhki micron-1
1010 17-84 0-005 2-17
3030 66-65 0-003 0-72
The_calculated distribution for microstrains normal 
to (1010) type planes was e (x )= 0-0073 exp ( —x).
The method is valid for any material in which, with 
a suitable X-radiation, measurable non-random varia­
tions of microstrain occur over the region o f the spe­
cimen that the X-rays penetrate.
A  practical application o f these findings is in the 
wear o f tungsten carbide tool tips. In some types o f  
tool tip, tungsten carbide is sintered with a small 
amount o f cobalt. On studying the worn surfaces of  
various tool tips, broad diffraction lines from the tung­
sten carbide were observed. When analysed, these 
showed a crystallite size and microstrain effect, as in
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the milled powders and worked blocks. Wear in the 
tool tips is therefore accompanied by plastic deforma­
tion o f the carbide. The deformation extends to several 
microns below the surface. The plastic deformation 
causes work hardening, which results in the surface 
layers becoming brittle, and fracturing. Previous the­
ories o f the wear o f tool tips have not included the 
fact that the plastic deformation of tungsten carbide 
plays an important role in tool wear.
Pons (1968), in his study of wear during the friction 
of tungsten carbide with rocks, observed slip lines that 
were no longer rectilinear, but instead, were o f wavy 
appearance. Trent (1963) observed a similar effect 
during machining tests on ‘Inconel’ steel. An explana­
tion of this is that they may be dissociated slips result­
ing ifo m  the composition of the prismatic slip system 
<1120) {1100} with a basal slip system <1120) (0001). 
Trent (1952) has demonstrated that temperatures up 
to 1300°C may be generated in a machining process. 
At these temperatures, slip on the basal plane may be 
more likely. Although the occurrence of basal slip has 
not been previously reported, we have illustrated that 
it does occur, to produce deformation stacking faults.
Single crystals
' Investigations on single crystals o f tungsten carbide 
have recently been undertaken. The crystals were 
grown by Miss E. Jones, by means of the technique of 
precipitation from an auxiliary metal bath. We have 
only investigated the effect o f mechanical deformation 
on the basal planes. Subjecting the single crystals to 
a similar treatment to that o f the sintered blocks, re­
sulted in the surface layers being broken up into small 
crystallites with similar orientations. Microstrains were 
also induced. The reduced broadening of higher order 
lines due to the distribution of microstrains with depth 
was again observed. The effect is clearly shown in Fig. 4, 
and suggests a fairly narrow deformed surface region. 
The relatively high broadening of the 0001 reflexion 
is a result o f diffraction from the highly deformed
layers near the surface. The straight line shown in 
Fig. 4 is the line that the three points would be on if 
there were an average microstrain o f 0-001 throughout 
the crystal.
Conclusions
It has been shown that tungsten carbide may undergo 
considerable plastic deformation as a result of mechan­
ical working. Slip on the basal plane produces defor­
mation stacking faults. In block specimens and single 
crystals, the deformation can extend for several microns 
below the worked surface, and is associated with work 
hardening. The plastic deformation plays an important 
role in wear processes.
The behaviour o f tungsten carbide is similar, on a 
microscale, to that of a metal.
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